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In this project, the formation of nanocrystalline Al3Ti, TiAl, TiN, and Al-TiN 
composites via mechanical alloying were investigated.  
In Ti-75Al system, the Phase formation during mechanical alloying of Ti-75Al 
powder mixtures has been studied. An Al (Ti) solid solution by the diffusion of Ti into 
Al was formed at the early stage of the milling. The upper solubility of Ti in Al was 
determined as 6.7 wt.% in the present study. Further milling led to the formation of 
L12 ordered Al3Ti with a lattice parameter of 3.983 Å. It was observed that the 
formation of new phase occurred after the layer thickness of Ti/Al multilayer was 
refined to less than 40 to 100 nm (after 30 hours of ball milling). It was found that the 
interfacial reactions in the thin film Ti/Al stacks with the help of continuos supply of 
mechanical energy during ball milling was similar to that of sputtered Ti/Al films 
during heat-treatment. The kinetics of the formation of new phase was depended on 
the thickness of Ti/Al layer thickness during milling.  
Thermal stability of the mechanically alloyed Ti-75Al powders was 
systematically studied using differential thermal analyzer. The phase transformation 
during heat-treatment was detailed studied for powders after different duration of ball 
milling. 
The grain sizes and lattice strains during mechanical alloying of Ti-75 at.% Al 
powder mixtures were studied using X-ray diffraction methods. Nanocrystalline L12-
Al3Ti was obtained after a certain time period of ball milling. Minimum grain sizes of 
17 nm for Al and 28 nm for Ti have been determined using XRD. During subsequent 
thermal annealing processing, an obvious recrystallization resulting in significant 
reduction of grain size was observed. The recrystallization in nanocrystalline Al3Ti 
 ix
was affected by both the temperature and the degree of order.  The incubation period 
for recrystallization at 400°C was about 6 hours while those at 510 and 700°C were 
about 2 hours. The completion time of recrystallization in Al3Ti at 400 and 700°C was 
about 15 hours and 8 hours at 510°C. It is clear that the recrystallization at 700°C was 
retarded as a result of the higher degree of order structure which limited the mobility 
of the boundaries. Phase transformation occurring within the recrystallization 
temperature range was observed to have little influence on the recrystallization itself. 
However, transformation products do have significant effects on it, which is originated 
from the degree of order in the products. The recrystallization in this alloy system 
provides an excellent means to maintain the nanocrystalline microstructure during the 
necessary consolidation thermal cycle by decreasing the processing temperature and 
increasing the hold time considerably. 
The Ti-75Al powders milled for 30 hours were consolidated into bulk material 
using hot iso-static pressing (HIPing). The fracture toughness of such materials was 
estimated using Indentation method. The fracture toughness obtained from the MAed 
and HIPed powder compact samples was lower than that of the cast and homogenized 
bulk sample, regardless of the final grain size obtained. This could be due to the 
intrinsic brittle nature of Al3Ti, or due to the presence of flaws resulted from material 
processing which affected the test results. Compared with the 0-hour-milled sample, 
the 30-hour-milled sample exhibited significantly higher strength (~35% higher) and 
fracture toughness (~24% higher). This could be due either to the sample having fewer 
flaws after HIPing or the effect of grain size achieved after MA and HIPing. 
Binary Ti-58Al and quaternary Ti-48Al-2Mn-2Nb (at.%) alloys have been 
prepared by mechanical alloying. The effects of addition of alloying elements (Mn and 
Nb) on both the structural evolutions during mechanical alloying and thermal stability 
 x
in the subsequent heat treatment were investigated. Thermodynamic calculation was 
conducted to analysis the phase stability in Ti-Al system. It was found that kinetic 
restriction is a major controlling factor in amorphization under current milling 
conditions. The multiplication of the Ti-Al alloying system with alloying additions, 
which have large atomic size difference with parent elements, was found to increase 
the amorphous-forming ability kinetically. Comparing with binary Ti-Al system, the 
addition of Mn and Nb was found to promote the formation of amorphous phase 
during milling. 
A new mechanochemical route to synthesize nanocrystalline TiN has been 
developed by ball milling elemental titanium powders with the organic compound 
pyrazine in a benzene solution for periods of up to 336 hours. Titanium nitrides were 
formed directly during the milling. Unlike the dry ball milling process, the present wet 
milling has resulted in the formation of an intermediate titanium nitride Ti2N which 
has never been found in previous studies using dry milling. With increase in milling 
time, Ti2N was observed to gradually transform into the stoichiometric compound of 
TiN. Upon heating, the Ti2N formed during milling was completely transformed to 
TiN. Based on this, it was proposed to synthesis Aluminum metal matrix composites 
(MMC) dispersed with particulate titanium nitride by ball milling of elemental 
powders Al and Ti with pyrazine in benzene solution. It was found that a one-step 
formation process could not form the desired Al-TiN MMC. The composite was 
obtainable only by a subsequent thermal treatment. For two-step processing, the TiN 
formed in the early stage of milling could then be dispersed in the Al matrix 
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1.1.  History of mechanical alloying 
Mechanical alloying (MA) is a high energy ball milling process in which 
elemental powder mixture is milled to achieve true alloying at the atomic level. In 
addition to elemental blends, prealloyed powders or single phase powders can also be 
used as the starting materials for ball milling, and in these cases, this technique is 
called mechanical milling (MM). 
MA and MM were first developed in the later 1960’s by Benjamin and his co-
workers at the Inco Paul D. Merica Research Laboratory [1]. It was employed to 
produce oxide dispersion strengthened (ODS) nickel based superalloys for gas turbine 
applications. The initial purpose of introducing this technique was to coat a thin layer 
of Ni onto the oxide particles by ball milling. In the experiment, Benjamin et al. 
successfully produced the thoria dispersed nickel (commonly known as TD nickel) and 
Ni-Cr-Al-Ti alloy with thoria dispersions and finally led to the first patent on this 
technique. The process was initially termed as “milling/mixing”. It was Ewan C. 
McQueen, a Pattent Attorney for Inco, who coined the name “mechanical alloying” 
[2]. Actually, such a process has been reported by Hoyt [3] 40 years earlier when he 
was doing coating of WC with Co by ball milling. 
Before the early 1980s’, most of the works on MA focused on the fabrication of 
ODS superalloys (Ni- and Fe-base) and Al alloys. The discovery of amorphization 
using MA technique in 1983 by Koch and his research group from Oak Ridge National 
Laboratory triggered an intense of research work in the field of MA all over the world. 
In their work, Koch and his co-workers reported the formation of amorphous phase by 
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MA of elemental Ni and Nb powder mixtures at the composition of Ni60Nb40 [4]. 
While Benjamin is the pioneer of MA, Koch is regarded as the father of the today’s 
MA technology. Therefore, 1983 can be considered as the birth year for “solid state 
amorphization” (SSA). Two years before Koch’s important work on amorphization 
using MA, a Russian research group led by Yermakov reported the amorphization of 
intermetallic compounds in Y-Co [5] and Gd-Co [ 6] systems by milling the single 
phase powder in a planetary mill. Their work introduced a new research area now 
commonly referred to as “amorphization by mechanical milling (MM)”, as against 
“amorphization by MA” (milling dissimilar elements) introduced by Koch et al. [4]. 
Another very important research area in MA is reactive ball milling (RBM). This 
area was initiated by Schaffer and McCormick at University of Western Australia in 
their pioneering work on reduction of CuO by Ca during ball milling [7]. Since then, a 
large amount of researches have been carried out in this area to reduce metal and/or to 
in situ synthesize various alloys or nanocomposites in reactive atmosphere for different 
applications. 
Although the initial purpose of developing MA is for ODS superalloys, it is now 
widely used in the synthesis of various kinds of equilibrium and non-equilibrium phase 
and phase mixtures, including nanocrystalline metals and alloys [8], amorphous phases 
[9], intermetallic compounds [10], nanocomposites [11], and other materials that are 
difficult to be obtained by conventional methods. 
A chronological evolution of the mechanical alloying technology is shown in 
Fig.1 which summarizes the development process of this technique. 
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1.2.  Mechanical alloying process 
The MA and MM processes are solid state powder metallurgical processes in 
which the powder particles are subjected to high energetic impact or shear stresses by 
the milling tools in a sealed container [13, 14]. As the powder mixtures are trapped and 
impacted or sheared on each ball to powder colliding, cold welding and fracturing of 
the powder particles take place repeatedly during the ball milling process. The extent 
of the cold welding and the fracturing processes mainly depend on the natures of the 
powder mixtures themselves (structure, ductility, fracture toughness and hardness etc.). 
According to material behaviors, the ball milling process can be classified into the 
following three systems: (1) ductile/ductile, (2) ductile/brittle, and (3) brittle/brittle 
system. 
 
1.2.1. Ductile/ductile system 
A large number of mechanical alloying systems fall into this category. 
According to Benjamin et al. [15, 16], MA of ductile/ductile systems can be divided 
into five distinct stages: 
Stage 1: The ductile particles are flattened during the ball to powder collisions 
and a flake like morphology of the particles appears. 
Stage 2: The increased surface area of the particles results in severe cold-welding 
of the powders involved. A sandwich-like microstructure is obtained 
and the particle size is usually increased at this stage. 
Stage 3: Fracture of the powder particles becomes dominant at this stage because 
of the increased hardness of the particles as a result of strain hardening. 
The particles are shown to be equiaxed. 
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Stage 4: A laminated microstructure with random orientation is obtained in each 
composite particle. 
Stage 5: This stage is also called steady state stage in which the cold-welding and 
the fracturing processes achieve a dynamic balance. The hardness and 
the size of the powder particles reach their limit and hardly to be 
changed with further milling.  
 
During the MA process, the inter-distance between lamella layers decreases 
continuously and the microstructure of the lamella becomes unresolveable under 
optical microscopy after prolonged milling. Alloying occurs by the diffusion of one 
element into the other with the appearance of the fine lamella layers of constituent 
elements, which have a short inter-spacing. The alloying process is accelerated by both 
the decrease in the inter-spacing between two constituent layers and the short-circuit 
diffusion paths created by the high density of defects (holes, dislocations etc.) induced 
by heavy plastic deformation during milling. Metallic systems such as Nb-Sn [15], 
Mn-Bi [17], Cu-Zn [18, 19], and Ni-Al [20-23] etc. belong to this ductile/ductile 
category. Fig 1.2 shows a schematic view of the events occurring when the powder 
particles are trapped between two colliding balls [24]. 
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Fig. 1.2 Schematic view of events occurring during ball to powder collision. 
 
1.2.2. Ductile/brittle systems 
The typical ductile/brittle systems are ODS alloys [1]. In such systems, the 
ductile powder particles are flattened and cold-welded to each other forming layered 
structures during the ball milling, while the brittle phases are fragmented and 
embedded in the layers of the ductile particles [15, 16]. With the milling, the ductile 
layers come closer and become unresolved, while the brittle phases are uniformly 
distributed in the matrix of ductile metals. For the stable oxides in the ODS alloys, no 
reaction will occur between two constituents, while for other brittle phases, alloying 
with ductile matrix may happen. For example, in ductile/brittle Ti-B system, TiB2 
compound can be synthesized by interaction of the two constituents during MA [25]. 
The brittle amorphous Boron cannot be alloyed with Fe during ball milling, however, 
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alloying process can be observed in Si-Fe system [26]. The major difference between 
two systems is that the equilibrium solubility of B in Fe is very limited while Si has a 
significant solubility in Fe. Therefore, it is implied that in order to achieve alloying 
during the milling of ductile/brittle powders, the brittle phase not only needs to be 
fragmented but also should have some equilibrium solubility in the ductile constituent. 
 
1.2.3. Brittle/brittle systems 
It is believed in the early stage of MA development that no alloying process 
could occur in the brittle/brittle system because milling of brittle/brittle powder 
mixtures could only result in the fragmentation of the constituent powder particles and 
no laminated composite layers with very fine inter-spacing, like those in ductile/ductile 
systems, could be obtained in this type of system. However, true alloying has been 
successfully carried out in Si-28 at. %Ge system with the formation of solid solution 
during ball milling in a Spex mill through measurement of the variations in lattice 
parameters of Si and Ge using X-ray diffraction method (XRD) [27]. This 
experimental result does suggest that alloying or material transfer is possible during 
ball milling of brittle/brittle system. The mechanism in this type of system as yet is not 
clear. It is estimated that the material transfer in these systems is due to diffusion 
process aided by temperature rise during the ball milling process since alloying cannot 
occur if the milling of Si-Ge powder mixtures was carried out in a vial cooled by liquid 
nitrogen.  
 
1.3. Mechanism of mechanical alloying 
MA is usually carried out at room temperature although certain temperature rise 
does happen during the milling process. The alloying process in MA is quite different 
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from that of the normal thermal activated reactions in the ways of diffusion, activation 
energy, and influence of defects, grain size, etc. 
 
1.3.1. Diffusion 
Diffusion is a very important process for material transfer. The diffusion process 
in MA is different from that of a normal steady and non-steady state diffusion in 
several ways. First of all, since the continuous fracturing and cold-welding during 
milling may repeatedly change the concentration gradient or the balance across the 
interfaces, fresh interfaces with the highest concentration gradient are generated 
continuously in this way. Therefore, the source of diffusion in MA can be treated as an 
infinite one and the diffusivity of this kind of diffusion is always kept at a high level. 
Secondly, a laminated composite layer structure is formed during the milling 
process. The inter-spacing of these lamellae can be so small that they are unresolved 
under the microscopy. Hence, the very short diffusion distance can accelerate the 
diffusion process during milling. 
Thirdly, a large number of defects such as dislocations and vacancies are 
generated due to the continuous and severe plastic deformation of the powder particles 
during the ball milling process. These defects can act as aids for the diffusion process 
and provide a so-called “short-circuit path” for diffusion. 
Fourthly, the MA process is under high collision impact load during milling. 
Diffusion carried out under stress is different from a normal stress-free one. 
Lastly, in the later stage of milling, the grain size of the constituent powders is 
reduced to tens or several nanometers because of the repeated fracturing and shearing 
of the powders. It is known that at fixed temperature and pressure, the diffusivity along 
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grain boundaries Db and along free surface Ds relative to the diffusivity through defect-
free lattice Dl follows: 
Ds > Db > Dl.   (1-1) 
In nano structured materials, grain boundaries can take up to 30% of volume 
fractions [28]. Such a large fraction is incomparable to conventional materials with 
grain size in the range of tens of microns. The high volume of grain boundaries can 
also greatly enhance the diffusion process in the material. In addition, several types of 
free surfaces such as micro-cracks can be found in MAed powder particles [29]. These 
free surfaces can facilitate diffusion. In the mechanical alloying process, grain 
boundary diffusion and surface diffusion are considered as the prevalent modes of 
diffusion, while the lattice diffusion becomes significant only at high temperature.   
 
1.3.2. Activation energy 
For an atom to move from its original site to a neighboring location, the atoms of 
the parent lattice must be forced apart into positions with higher energy states. As 
shown in Fig. 1.3, the diffusion atom has to pass an energy barrier which prevents the 
atom from moving. The energy difference here is referred to as the activation energy. 
The activation energy, Q, for diffusion is a combination of the activation energies to 
form a vacancy and to move a vacancy. It can be expressed as:  
Q = Qf + Qm  (1-2) 
During the milling process, a part of the mechanical energy input to the system is 
dissipated in the form of heat and sound. However, other part of the energy will be 
stored in the powders through the creation of the dislocations and grain boundaries in 
the materials. When dislocations move along the slip plane, the mechanical energy will 
be changed to kinetic energy of the atoms which can excite the atoms [29]. In this way 
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all atoms receive additional energy and mobility. Therefore, the total activation energy 
required for diffusion is lowered since part of the activation energy has been supplied 
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Fig. 1.3 Schematic view of activation energy [29]. 
 
1.4. Milling Devices 
Although very large ball mills with tonnage production capacity have been used 
in industry, the different ball mill machines discussed here are smaller ones for 
laboratory research applications. These mills have different designs and mechanical 
energy transfer mechanisms in order to satisfy various research purposes. The four 
main types are planetary (vertical) ball mill, rotary (horizontal) ball mill, Spex shaker 




1.4.1. Planetary ball mill 
The planetary ball mill is most commonly used in laboratories, especially in 
Europe [30, 31]. A typical planetary ball mill manufactured by Fritsch GmbH is shown 
in Fig. 1.4 (a). This type of ball mill consists of one turning disc (turning table) and 
four bowls. The turning disc and bowls rotate in opposite directions and usually at 
different speed. The centrifugal forces created by the rotation of the bowl around its 
own axis together with the rotation of the turning disc are applied to the powder 
mixtures and milling balls in the bowl. The rotation speed of a planetary mill can reach 
as high as several hundred rpm. Therefore it can be classified as high energy ball mill. 
Fig 1.4 (b) shows the motions of the balls and the powders. Since the directions of 
rotation of the disc and the bowl are opposite, the centrifugal forces are alternately 
synchronized. Friction is generated from the milling balls and the powder mixture 
being ground alternately rolling on the inner wall of the bowl, and impact occurred 
when they are lifted and thrown across the bowl to strike the opposite wall. The impact 
is intensified when the balls strike one another. The impact energy of the milling balls 
in the normal direction can attain a value of up to 40 times higher than that due to 
gravitational acceleration.  
The impact energy of the milling balls can be adjusted by altering the rotational 
speed of the turning disc. The advantage of the planetary ball mill is not only that high 
impact energy can be obtained but also the high impact frequency which can shorten 
the duration of real alloying. However, it should be pointed out that the high milling 









Top View of Planetary Ball Mill
 
Fig 1.4. (b) Schematic of movement of planetary ball mill. 
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1.4.2. Horizontal ball mill. 
Horizontal ball mill rotates around its central horizontal axis. The maximum 
rotation speed should be kept below the critical speed that pins the balls to the internal 
wall of the container. At this speed, the balls will fall down from a maximum height to 
yield maximum impact energy. Comparing with planetary ball mill, the conventional 
horizontal mill is a low energy machine. Because of its relatively low milling energy 
and slow alloying process, horizontal ball mill can be used to investigate phase 
transformation and its mechanism in detail. In order to increase the milling energy, a 
modified horizontal mill, Uni-Ball Mill, was designed and developed by the research 
group of Calka and Australian Science Instrument [32]. The improvement of Uni-ball 
Mill is that it introduces a magnetic field generated by several Nd-Fe-B alloyed 
permanent magnets as shown in Fig. 1.5. It consists of four milling chambers (with 
diameter of 200 mm), a motor, an automatic control panel and magnets. Depending on 
the distance and position between the balls and the magnets, the impact energy can be 
controlled by changing the magnetic field through modifying the positions of the 
magnets. Three milling modes can be achieved: impact mode, shear force mode and 
impact plus shear force mode.  
The frictional energy can be altered by changing the intensity of the magnet at 
position M1. At this position, the magnetic field attracts the magnetic balls to the 
bottom of the milling container which rotates at a speed of ω. The magnet at position 
M2 is mainly used to increase the kinetic energy of the balls and therefore the impact 
force of the ball. Both the frictional and the kinetic energy can be controlled by the 
magnet at position M3. By relocating the magnet or by decreasing the rotation speed 
ω, the balls can be constrained to the bottom of the milling container. Under this 
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condition, the balls will both rotate and oscillate around an equilibrium position at the 
bottom, which the powders experience mainly shearing. In the impact mode of 
operation, the impact force may be increased by about 80 times (from 60 gram to about 














Fig.1.5. Schematic of Uni-ball mill [29]. 
 15
The rotation speed of the Uni-ball mill can be varied between 10 to 300 rpm. 
Because of the low milling intensity, the atmosphere of milling can be controlled from 
vacuum to Ar, N2 NH3 etc, and the pressure inside the container can also be increased 
from 10-3 Pa (vacuum) to 500 kPa. In addition, the milling temperature can be 
controlled over the range from room temperature to 200°C by attaching heating 
elements to the mill. A bath for liquid nitrogen or other cooling agents is also available 
as an option for milling at sub-zero temperature range. It can be seen that the Uni-ball 
mill is a useful tool that may be applicable to various kinds of mechanical alloying 
processes, especially those for obtaining amorphous materials or some highly 
exothermic reaction systems. 
 
1.4.3. Shaker ball mill 
Shaker or vibratory mills are usually used to process small quantity of powder 
mixtures. They are considered as high-energy mill because of their high speed and 
three-dimensional motion between the balls and the powders. A greater amount of 
energy can be transferred to the powders during the alloying operation. Therefore a 
shorter milling time is required for the shaker ball mill in comparison with other types 
of ball mill [24, 33-35]. The milling process for this type of mill is usually carried out 
in a sealed cylindrical container. It is characterized by the repeated impact of the balls 
onto the charged powder mixtures in three mutually perpendicular directions at a very 
high speed. The mechanical energy transmitted to the powder system depends on both 
the impact speed and the frequency of the impact. These parameters can be greatly 
affected by the number of balls used. It is found that the impact velocity decreases with 
the number of balls employed [33]. 
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A typical example of shaker mill is the Spex 8000 which was originally 
developed to pulverize spectrographic samples. This type of mill is widely used in 
laboratory scale in the United States. Its operation speed can reach as high as 4500 











Fig. 1.6. Schematic drawings of shaker ball mills [29]. 
 
1.4.4. Attritor 
Mechanical attrition is another process to synthesize different kinds of materials. 
This method was first developed in the 1970’s and is essentially a vertical mill. As 
shown in Fig. 1.7, the attritor usually consists of a sealed cylindrical container and a 
vertically positioned central shaft equipped with several horizontal impellers which 
located at the proper angles and directions. A large number of balls are charged in the 
container and are agitated by the rotation movement of the impellers driven by the 
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central shaft. Mechanical alloying occurs as a result of impacts and collisions between 
the powders and the balls, the impellers and the container wall [36, 37]. Because of the 
high rotation speed of the central shaft, the capacity of the attritor is somewhat limited. 
The relatively high frictional force between the shaft (impellers) and the charged balls 
and powders does not only cause some contamination from the milling tools but may 
also result in seizure of the shaft when severe cold-welding occurs in the container and 






Fig. 1.7. Schematic diagram of attritor type ball mill [29]. 
 
Since its container is usually stationary, temperature rise in the attritor can be 
easily cooled down by outside water or other cooling mediums. 
 
1.5. Milling conditions 
MA is a simple but complicated process. This means that the device and the 
milling operation is relative simple but the process itself in terms of its mechanics is 
very complicated. The complexity of MA is that the process is very sensitive to the 
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milling conditions and thus the final milled product is strongly dependent on the 
milling parameters. The important parameters that will influence the MA process are 
as follows:  
• milling mode 
• milling time  
• milling atmosphere 
• ball to powder weight ratio 
• process control agent (PCA) 
 
1.5.1.  Milling mode 
Milling mode is a description of the milling energy involved in the MA process. 
It is a combined effect of milling device, milling speed, and ball-to-powder ratio etc. 
For example, a planetary ball mill is usually operated at a high energy mode while a 
Uni-ball mill, at a low energy mode. Therefore, alloying process using high energy 
mode may take much shorter time than that using low energy mode. The mode of 
milling will affect not only the time required for alloying but also the final milling 
products.  
Gaffet [38] studied the amorphization of Ni-Zr system using a planetary mill and 
concluded that a dynamic equilibrium can be reached during milling which depends 
only on the energy of milling. In his later work on Ni-Zr system [39], it was concluded 
that the impact energy of the balls is proportional to the square of the rotational speed 
Ω and vial speed ω of the planetary mill. By varying these two parameters, namely, 
impact energy and impact frequency, either pure amorphous phase, crystalline phase or 
amorphous plus crystalline can be obtained [40].  
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Milling modes can also greatly influence the temperature rise during milling due 
to collisions as well as frictional forces between balls and powders, and thus results in 
different milling products. It is logical to estimate that part of the mechanical energy 
will be converted to heat to give rise to an increase in temperature in the vial. The 
temperature in milling mainly depends on both the milling mode (or kinetic energy of 
the balls) and the properties of the powders. The temperature of the powder can affect 
the diffusivity and defect concentration in the powder and thus the phase 
transformation during the milling. Higher temperature is expected to result in phases 
which need higher atomic mobility such as intermetallics, while lower temperatures 
favor the formation of metastable phases like amorphous and nanocrystalline phases if 
the energy is sufficient. Since ball milling is a dynamic process in a sealed container, 
direct measurement of the local temperature inside the powder right after the collision 
(or impact) is very difficult from the point of view of experimental technique. 
Investigators have taken the following three approaches to estimate it [17]:  
 deduce the temperature from microstructural changes 
 theoretical modeling to estimate the temperature 
 indirect measurement  
For example, the MA process is often carried out with process control agent 
(PCA) which are usually low boiling point organic substances. Using DSC or DTA to 
test the as-milled powder, it can be concluded that if PCA is still left in the as-milled 
powders the temperature rise during milling is lower than the boiling point of PCA 
which is usually around 150°C [29]. In the case where amorphous phase is the milling 
product, it can be inferred that the temperature is above the crystallization temperature 
of the amorphous phase [41]. Davis and Koch [27] studied the tempering of martensite 
in a Fe-1.2C steel during ball milling and concluded that the maximum local 
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microscopic temperature may be about 275°C. In the same paper, they also milled Bi 
powder and concluded the temperature in the mill is lower than the melting point of Bi 
of 271°C. 
Assuming that the temperature rise of the particles trapped between colliding 
balls (head-on collision) to be caused by local shear, Schwarz and Koch [42] estimated 
a microscopic temperature rise of about 40 K for Ni32Ti68 and Ni45Ti55 powders in a 
Spex mill. Magini et al. [43] have also calculated the adiabatic temperature in a 
planetary mill and reported a maximum temperature to be of the order of 400 K after 
calculating the amount of powder trapped between the balls during Herzian collision. 
Assuming similar to Herzian elastic collisions, Bhattacharya and Arzt [44] calculated 
the contact temperature at the surface of powder compact of NaCl to be about 350°C. 
As for indirect measurement, Miller and his co-workers [45] using a 
microsecond-resolved radiometry found that the temperature rise ∆T during impact on 
various materials to be about 400 K. 
 
1.5.2. Milling time 
Milling time is another important parameter governing the formation of milled 
products since the MA process is kinetically dependent. Solid solution is usually 
formed at the initial stage of milling, followed by the amorphous or intermetallics 
depending on other milling parameters. Suryanarayana et al. [46] found in their 
investigation on TiA system that a Ti (Al) solid solution was formed at the early stage 
of the milling, and then an amorphous phase, and finally a crystalline fcc phase were 
obtained with increase in milling time. 
Milling time can also influence the evolution of grain size during milling. MA is 
now widely used as an efficient technique to fabricate nanocrystalline materials. The 
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main advantage of this process is the possibility of obtaining large quantity of such 
materials. In order to get the materials with their grain size in the range of 1-100 nm, 
sufficient milling time is required. As described by Koch [47], grain size refinement in 
MA is due to the accumulation of lattice strain and continuous fracturing of the powder 
particles. The change in grain size remains little in the early stage of milling because 
cold-welding is dominant at that time. With the increase in milling time, fracturing 
prevails and grain refinement starts. After sufficiently long time of milling, a minimum 
grain size is obtained with no further refinement being observed. The existence of a 
minimum grain size may be relate to the structure of the powder material and the 
minimum spacing (L) of the dislocations in a pile up. Without sufficient milling time, 
nanocrystalline materials cannot be obtained during MA. 
 
1.5.3. Milling atmosphere 
Mechanical alloying is carried out in certain atmospheres such as vacuum, Ar, 
N2, NH3, He2, H2 etc. and/or in a liquid condition like alcohol, benzene etc. Since the 
repeated fracturing process in MA results in a large number of atomic scale fresh 
surfaces which very readily react with oxygen, nitrogen and hydrogen in the air, MA 
processes are usually carried out under the protection of high degree of vacuum or 
highly purified Ar. Contamination is most severe for reactive metals like Al and Ti. 
The introduction of contaminates does not only form the unexpected phases but also 
change the alloying sequences of the system during the MA process. 
Comparing the Ni-Nb amorphous phases obtained by MA of the Ni-Nb powder 
in air and in helium, Koch et al. [4] found that the crystallization temperature for 
powders milled in air is lower than that milled in helium. Lee and Koch [48] found that 
complete amorphization of Ni60Nb40 in air is faster than in argon or helium because of 
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the presence of oxygen contamination when milling in air. Wang et al. [49] reported 
that the presence of oxygen in Ni-Ti system might result in the formation of 
amorphous phase during MA. Ivison and co-workers [50] ascribed hydrogen 
contamination as a catalyst for the amorphization in the Ti rich Ti-Cu system since the 
formation of the amorphous phase could not be observed with the absence of 
hydrogen. 
Certain gases or liquids are at times purposely employed to achieve the 
mechanochemical reactions leading to the formation of a series of compounds. This is 
also termed as “reactive milling”. Milling different metal powders in nitrogen gas or 
ammonia, various kinds of nitrides such as Fe2N [51], TiN [52, 53, 54], SiN and BN 
[55], TaN [56], ZrN [52, 57] and (Ti, Al)N [54, 76] etc. can be obtained. Some organic 
liquids have also been used to stimulate the formation of carbides and other 
compounds during milling. Suzuki et al. [59, 60] milled Ti-Al powders with n-heptane 
liquid, an alkane compound which is normally inactive with metals, to synthesize 
TiAl-Al2Ti4C2 composites. Research by Srinivasan et al. [61] using hexane as PCA to 
prevent agglomeration of Ti and Al powders during MA showed that hexane 
decomposed under continuous mechanical impacts and released carbon which finally 
reacted with Ti to form TiC. Keskinen et al. [62] also used hexane to promote the 
formation of titanium carbides and hydrides during MA of Ti-Al powders. Zhang et al. 
[63] used pyrazine in benzene solution to synthesize TiN and Al-TiN composites 
through mechanochemical route. 
In addition, some surfactants were used as catalysts in MA to activate the 
mechanochemical reactions. Disordered Fe3C was synthesized using this way by 
milling iron powder with toluene [64]. Kaczmarek et al. [65, 66] have examined the 
changes in structural and magnetic property of BaFe12O19 when surfactants with 
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different surface charges, cationic surfactant C36H75NO and anionic C28H55O7SNa, 
were used in the MA process. It was found in their researches that the BaCO3 and 
Fe3O4 were formed with the cationic surfactant, while for the anionic surfactant no 
structural change occurred.  
 
1.5.4.  Ball to powder weight ratio  
The final products obtained during MA strongly depend on the ball to powder 
weight ratio (BPR). BPR affects the MA process through varying the impact velocity 
and frequency of ball to powder during the milling. The higher the BPR the faster will 
be the alloying process. BPR is usually in the range of 10:1 to 20:1 for planetary mill, 
while 5:1 or less for shaker type mill like Spex mill. Normally for low energy 
horizontal mill, higher BPR is used. In some extreme cases, BPR as high as 100:1 to 
500:1 are also employed [29]. 
El-Eskandarany et al. [67] ball-milled Ti-50Al powder mixtures with different 
BPR (from 12:1 to 324:1) and found that the time required for complete amorphization 
decreased substantially with the increase in BPR. However, the excessively large BPR 
was found to make the amorphous phase crystallize. This might be due to the high 
temperature resulted from high BPR during MA, which exceeded the crystallization 
temperature of the amorphous phase.  
Although higher BPR can accelerate the MA process, it introduces a lot of 
contamination from the milling tools and results in low production yield. Therefore 
BPR should be chosen properly to achieve the best balance between high alloying rate, 




1.5.5. Process control agent  
Ductile powder particles are subjected to continuous impact and shear forces 
during milling, resulting in severe plastic deformation and fracture. This leads to the 
cold-welding of the deformed powder particles. Cold welding enables the powders to 
come closely into contact with each other and hence facilitate the interdiffusion 
process during milling. On the other hand, severe cold welding may cause the powder 
to stick firmly to the inner wall of the milling vial and the balls, and therefore greatly 
decreases the efficiency of the process. In general, severe cold welding is a major 
problem when ductile metal powder like Al is milled. The degree of cold welding 
mainly depends on the ductility of the powder. 
Two approaches are usually employed to reduce severe cold welding during MA 
[16]. The first method is to microscopically separate the deformed powder by a thin 
layer of organic material often called process control agent (PCA). The second 
approach is achieved by adjusting the milling mode and condition to strengthen the 
fracture process during milling. Of the two techniques, PCA is more commonly used 
and efficient. 
Being absorbed onto the surface of the powder particles, PCAs help to inhibit 
excessive cold welding by lowering the surface tension of the metal powder [29]. The 
effectiveness of a given PCA is dependent on its reactivity with the metal being milled. 
A large number of organic solids, salts and liquids can be used as PCA in MA. Among 
them, stearic acid (CH3(CH2)5CH3) is one of the most commonly used and effective 
one. 1 to 3 wt.% of PCA is often used in MA depending on the nature of the powder 
being milled, the charge ratio in the vial and the stability of the PCA itself. For ductile 
metals, more PCA is needed, and vice versa. PCAs must be very stable and should not 
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react with the metals being milled. In addition, PCAs should be easily removed by 
heating after milling. 
At the beginning of the milling process, the distribution of PCA is not 
homogeneous and an inhomogeneous distribution of particle size of powder is 
expected. Niu et al. [68] revealed that using a proper liquid form PCA could result in 
more homogeneity of powder particles.  
 
1.6. Intermetallic compound: titanium aluminides  
MA has been widely used in synthesizing various kinds of metastable and non-
equilibrium materials, and materials which are difficult to be processed by 
conventional physical metallurgy. Among them, intermetallics are one of the most 
important categories. 
Intermetallic compounds are those formed between two or more metal elements 
by covalent bonds. They usually occur in the central parts of the phase-diagram with a 
characteristic crystalline structure and may have a very specific composition (line 
compound) or range of compositions. Because of the strong attraction between the 
unlike atoms involved, there is a strong preference in the selection of the nearest 
neighbors which in turn leads to a long range ordered structure. This long range order 
usually possesses a high resistance to deformation and a high melting point. The latter 
together with the difficulty of the movement of the dislocation leads to high 
mechanical strength even at high temperatures. 
Among the intermetallics, titanium aluminides are the most promising ones 
because of their very low density, high specific strength, high modulus, and high 
oxidation resistance at high temperature [69]. The most important titanium aluminides 
are γ-TiAl, α2-Ti3Al and TiAl3. This category of intermetallics is regarded as the most 
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suitable candidates for aerospace engine and aircraft components. Fig. 1.8 shows the 
present materials used in an advanced jet engine [70]. What prevents titanium 
aluminides from wide industrial applications is their low ambient ductility and fracture 
toughness originated from their long range ordered structures. In order to overcome 
these drawbacks, numerous methods have been applied. MA is one of such techniques. 
Some interesting progresses have already been developed in the past decade. The main 
purposes of using this technique are to obtain nanocrystalline titanium aluminides, to 






Fig. 1.8 Materials used in the current advanced turbofan engine [70]. 
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1.6.1.  Ti3Al based alloys prepared by MA 
α2-Ti3Al intermetallic, with a hexagonal closed-packed (hcp) ordered crystal 
structure (D019 superlattice), is formed over a range of aluminum contents from 22 to 
36 at.% [71]. According to the study of Sastry and Lipsitt [72], the low ductility (1-2% 
of elongation) of this ordered hcp structure is the result of a high degree of slip 
planarity, the absence of non-basal slip, and twinning in the ordered structure. The low 
temperature ductility of α2-Ti3Al alloy can be improved by adding β stabilizers such as 
niobium, molybdenum or vanadium. These alloying elements increase the number of 
slip systems available, refine the microstructure by lowering the β transition 
temperature, and also permit a small amount of retained β at ambient temperatures. It 
was found that the presence of Nb improves the ductility of α2-Ti3Al by reducing slip 
length and planarity, and increasing the tendency for non-basal slip [72]. An 
improvement in the ductility of Nb containing alloys may also be attributed to the 
dispersal of slip by small islands of β phase. Blackburn and Smith [73] have found that 
13 at. % of Nb in α2-Ti3Al yield pronounced improvement in its ductility. These 
findings stimulated an extensive study of Ti-Al based intermetallics. The α2-Ti3Al 
alloys developed to the present time are two-phase (α2 + β/B2) with compositions 
based on Ti-(23-25)Al-(10-30)Nb. Alloy compositions with engineering importance 
are Ti-24Al-11Nb and more recently Ti-25Al-10Nb-3V-1Mo [74]. Much research 
work on MA of α2-Ti3Al has been concentrated on Ti-Al-Nb systems. 
Substantial works on this ternary system have been carried out in the research 
group of Froes at University of Idaho. The phase transformation sequence of Ti-24Al-
11Nb powder mixtures during mechanical alloying using a Spex 8000 is as follows 
[75, 76]: 
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• A supersaturated solid solution of Al and Nb in Ti was first formed at the 
early stage of milling.  
• A ductile ordered bcc phase (B2) followed, and then an amorphous phase 
appeared.  
• Finally, with increased milling, an fcc phase was obtained. It was found 
that the crystalline size of the powder decreased to a few nanometers in 
about 5 hours and stabilized with further milling.  
 
Fig.1.9. Schematic diagrams of powder consolidation techniques [77]. 
 
Several consolidation methods such as hot isostatic pressing (HIPing), dynamic 
consolidation, and the Ceracon consolidation processes have been applied to densify 
the mechanically alloyed Ti-24Al-11Nb powders [77,78]. These techniques are 
schematically shown in Fig. 1.9. Korth et al. [77] compared these techniques in detail 
and concluded that dynamic consolidation, a double-tube method with explosives, may 
be the best to retain the nanostructure of Ti-24Al-11Nb alloy. They ascribed the 
successful nanosize retention to the very short duration of dynamic consolidation 
process. Although the temperature exceeded the melting point of the metals, it only 
 29
occurred on the surface of the powder particles and rapidly quenched by the interior of 
particles in a few tenths of a microsecond. A numerical model has been established to 
guide the experimental process. According to this model, shock pressure of 5 to 10 
GPa can be achieved in a very short period of time. However, mcirocracks were 
unavoidable in the consolidated samples using this technique and this limited other 
mechanical tests to be carried out on the samples except micro-hardness test. In 
addition, the nature of this process also limits the geometric size of the sample and 
limited the practical application. 
On the other hands, Suryanarayana et al. [78] studied the phase transformation of 
Ti24Al-11Nb during consolidation using HIPing, dynamic, and Ceracon techniques. It 
was found that full densification could be obtained using HIPing at as low as 
800°C/207 MPa/2h for mechanically alloyed powder mixtures, while the non-
mechanically alloyed PA(pre-alloyed) powders could not be fully densified. Since the 
HIPing temperature for MA powders is 300 to 400°C lower than that of non-MAed 
powder, the grain size can be retained in the nanometer range. It was shown that the 
metastable B2/bcc (a=0.330 nm) phase in the as-milled powders transformed partially 
to an orthorhombic “O” phase (a =0.636 nm, b =0.969) during HIPing. Under the 
condition of 975°C/207 MPa/2h, the microstructure of the HIPed sample revealed a 
bimodal distribution of grain sizes. The smaller grains with a size of 100 nm were 
identified as B2/bcc phases and contained no internal structure. The larger grains with 
a size of about 200 nm, on the other hand, contained large number of internal 
(lamellar) structure of a mixture of B2/bcc and “O” phases. It was demonstrated that 
the ratio of “O”/B2 phase increased with the HIPing temperature. From the 
experimental results, the Ceracon consolidation produced larger grain size than the 
HIPed,  even though the phase constituents in two techniques were the same. Dynamic 
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consolidation was found to be able to retain the smallest grain size, but, mcirocracks 
were unavoidable using this method.  
Only microhardess data were presented in the previous studies due to the 
restriction of sample preparation. Microhardess of the as-milled powder was 560 
kg/mm2, while those of the HIPed samples ranged from 975 to 825 kg/mm2 depending 
on the grains sizes obtained. It was observed that the Hall-Petch equation was followed 
in the study. 
 
1.6.2. γ-TiAl based alloys prepared by mechanical alloying 
Of the large amount of research work done on γ-TiAl based alloys [79-85], most 
of them were concentrated on γ-TiAl plus α2-Ti3Al two phase region. Since MA is a 
complicated process and involved many parameters, especially the milling atmosphere, 
quite different results were published from these research works.  
In the research by Guo et al. [79], a planetary ball mill was used and it was found 
that a disordered intermetallic compound or an amorphous phase appeared after ball 
milling Ti40Al60 powder mixtures. Further milling led to the formation of a fcc like 
metastable phase. In their following paper [80], it was observed that a high 
concentration of oxygen (20.7 at.%) and nitrogen (32.6 at.%) in the formed fcc like 
phase, it was therefore ascribed this phase to a (Ti, O)N mixed nitride isomorphous 
with TiN. Suryanarayana et al. [87] also studied the structural evolution in 
mechanically alloyed (MAed) Ti-50 at.%Al powders using Spex 8000 mixer-mill and 
summarized the finding as (Ti+Al) powder mixtures→ Ti(Al) solid solution + Al → 
amorphous phase → fcc phase, which was very similar to the results in Guo et al’s 
experiments. They noticed that an abnormally high concentration of nitrogen (3.34 
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wt.%) in the sample after milling. It was therefore deduced that the fcc phase is (Ti, 
Al)N formed owing to the interaction between nitrogen and the Ti(Al) solid solution. 
On the other hand, Oehring et al. published quite a different phase evolution in 
Ti-Al system using a planetary ball mill [84, 85]. Single Ti (Al) solid solution was the 
only product when Ti-Al powder mixtures were ball milled with Al concentration up 
to 60 at.%. Partial amorphous was also observed in their research at Ti-50 at.%Al 
composition. However, no fcc like phase was obtained after prolonged milling. They 
ascribed their results to the satisfactory sealing of the vials from the atmosphere during 
milling and thus prevented contamination from oxygen and nitrogen. 
Formation of amorphous phases in the γ-TiAl composition ranges has been 
widely reported [41, 79, 82, 83, 85, 87-89]. These compositions could not be 
amorphized by rapid solidification techniques. Shultz first reported an amorphous 
forming range of 45-65 at.% Al [41] 
Using a Spex 8000 mill, Cocco et al. [88] found that in the Ti rich Ti75-Al25 
alloys, Al atoms first diffused into the host hexagonal lattice of Ti. With longer 
milling, a critical density of disorder was accumulated which caused the Ti(Al) 
crystalline phase to collapse into amorphous phase. The Miedemma’s empirical model 
was used in the above paper to calculate the Gibbs free energy of different phases, 
while the amorphous phase was taken as a highly under-cooled liquid. From their 
calculations, an amorphous forming range was obtained between approximately 23 to 
72 at. % Ti.  Their calculations were confirmed by other researches [79, 82, 87], in 
which the formation of amorphous phase from Ti (Al) hcp solid solution in the 
compositional range of 20 to 50 at.% Al was found. 
Murty et al. [89] also calculated the amorphous forming range using both the 
Miedemma’s model and the regular solution model. It was reported that the amorphous 
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phase has a stability range of 4-90 at.%Ti from the free energy calculation using 
Miedemma’s model, while the range of 12-85 at.% Ti from enthalpy-composition 
diagram. If regular solution model was used, however, solid solution phases were more 
stable against the amorphous phase in the entire compositional range. From their 
result, amorphous phase was successfully obtained in the Ti25-Al75 composition which 
could not be amorphized in Cocco and Guo’s experiments.  
Using CALPHAD (Calculation of Phase Diagram) method, Oehring et al. [85] 
found that the hcp and fcc solid solution phases have minimal free energy if the 
intermetallic compounds cannot be formed, whereas the amorphous phase has a higher 
energy in the full compositional range. This calculation well agreed with their 
experimental results which showed that a hcp Ti (Al) solid solution was obtained with 
the Al concentration of up to 60 at.% during ball milling, while a fcc Al (Ti) solid 
solution was formed with further increase in the Al contents. The co-existence of 
amorphous with hcp Ti (Al) solid solution in Ti50-Al50 composition was observed 
when the milling intensity was decreased. The phenomenon shows that a remarkable 
amount of enthalpy is stored in the hcp phase during ball milling when the milling 
intensity is lowered and thus compensates the Gibb’s free energy difference between 
the hcp solid solution and the amorphous phase. The excessive energy is usually stored 
in the grain boundaries, defects like dislocations etc. The result apparently contradicted 
the experimental results by others as discussed earlier. However, it was argued that the 
difference may be due to both the different milling conditions and the different gaseous 
impurities like oxygen and nitrogen in the powders. Oxygen and nitrogen were 
observed in both Guo and Suryanarayana’s investigations. It was expected that these 
impurities could influence the stability of the relative phases and therefore promote the 
formation of the amorphous phase. The introduction of Si can help to increase the high 
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temperature properties of Ti-Al alloys such as creep resistance due to the formation of 
a strengthening Ti5Si3 phase. With Si in the powder mixtures, amorphous phase was 
first formed after sufficiently long period of milling. Silicide could only be obtained 
after thermal annealing of the amorphous precursor phase. A reasonable volume 
fraction of Ti5Si3 could also act to limit the grain growth of TiAl alloys during the heat 
treatment processes. 
The amorphous forming ability of Ti-Al alloys during MA was found to be 
improved with the addition of ternary alloying elements like Si [90, 91]. By adding Si, 
the hcp solid solution phase in Ti-Al system may be destabilized with respect to the 
amorphous phase.  
A novel powder metallurgical route to fabricate titanium aluminides was 
proposed by Suryanarayana et al. [92]. In their study, two brittle components, Al3Ti 
and TiH2 were MAed. Ti aluminide could be formed in this way and certain amount of 
hydrogen was also introduced into TiAl. It was reported [93] that the reaction of 
hydrogen with titanium is reversible and H can be easily removed from the alloy by 
vacuum annealing. In this process, the H is used as a temporary alloying element 
leading to improved workability and beneficial to the mechanical property of the 
titanium alloy. It was revealed that the reaction during ball milling followed:  
Al3Ti + 2TiH2 → 3TiAl + 2H2 ↑  (1-3) 
The equiatomic TiAl phase was obtained after sufficiently long milling time. Only 55 
vol.% of TiAl was transformed after 52 hours of milling. 95 % of TiAl can be found in 
the HIPed samples and the retaining hydrides and Al3Ti phases could be removed by 
HIPing at higher temperatures.  
Although large number of researches on MA of γ-TiAl have been executed, bulk 
materials and their properties have seldom been reported. Most of the investigations 
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concentrated only on the powder process but not the consolidation and the final 
mechanical properties mainly due to the lack of suitable techniques of densification. 
Consolidation techniques for MAed γ-TiAl so far includes HIP [77, 78, 94], hot 
pressing [83], explosive consolidation [77, 78, 95, 96] and hydrostatic extrusion [96] 
etc. Among them the explosive method can keep the microstructure and grain size with 
least changes due to the extremely high heating rate from the micro-friction and micro-
impact between powders. The heat generated by this process is restricted to the surface 
layer of the powders. In some circumstances the surface of the powder may melt due to 
the high temperature. However, the inner part of the powders is still relatively cool. 
Therefore an adequate metallurgical bonding can be established in this way. The basic 
process in this method can be visualized as a high-amplitude stress wave that compacts 
the powder as it propagates. However, cracks could be observed using explosive 
technique. There are two types of cracks: circumferential cracks at the transverse 
section of the compact originated from the reflection of the radial expanding 
compressive wave at the external walls of the cylinder, and intergranular micro-cracks 
which implied the poor inter-particle bonding. On the other hand, although the grain 
growth may be substantial during the process, HIP can easily achieve full densification 
under normal conditions. Taking the extremely fine particle size of MAed powders 
into consideration, relatively lower HIP temperature is needed and a sub-micron 
microstructure can still be obtained. 
 
1.6.3. TiAl3 prepared by mechanical alloying 
In comparison with γ-TiAl and α-Ti3Al, considerably fewer research work has 
focused on TiAl3 compound. Investigations up to now concentrate mainly on the 
synthesis of different ordered structures of TiAl3. Srinivasan et al. [97] was the first to 
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report on the metastable D023- TiAl3 phase in TiAl3 system. Morris et al. [98] were the 
first to MA pre-alloyed Al3Ti-Cu and Al3Ti-Mn ternary systems, in which a stable L12 
ordered cubic structure could be retained. HIP at a pressure of 100 MPa and 1150°C 
produced fully-densed materials with a grain size somewhat less than micrometer. The 
refinement of the grain size at the sub-micron level led to the change in fracture mode, 
from transgranular cleavage at large size (30-50 µm) to intergranular failure, while the 
materials remained very brittle. Several researches have been done on Al/TiAl3 two 
phase alloys, namely super “alumalloys” [99-103]. The alloying design philosophy is 
similar to that of ODS alloys: high strength by the intermetallic compound Al3Ti, 
ductility by the fine grains and second ductile Al phase, the grain growth and high 
temperature creep were prevented by fine and stable precipitates. The application 
temperature of this type of “alumalloys” is around 75% of the absolute melting 
temperature of aluminum. It was observed that the room temperature compressive 
yield strengths were 1.25 and 0.6 GPa for the Al-20 at.%Ti and Al-10 at.%Ti alloys 
respectively [101]. The ductility of the Al-10 at.%Ti alloy exceeded 20% for test 
temperature ranged from 25 to 500°C.  
From the above review, it can be seen that most of the research works on Ti-Al 
system have focused on the ball milling process and effects of milling conditions on 
the final products. Very few research papers concentrated on the thermal stability of 
MAed Ti-Al alloys, alloying effects of ternary or quaternary additions, and the final 
properties of consolidated materials. Therefore, in the present study, the following 
alloying compositions are selected:  
Ti-58 at.%Al (single γ-TiAl region) 
Ti-48 at.%Al-2 at.%Mn-2 at.%Nb (γ-TiAl + α2-Ti3Al) 
Ti-75 at.%Al (line compound TiAl3) 
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The structural evolution of the powder mixtures during the ball milling process is 
investigated. Both the phase stability and the grain growth stability are studied. A 
thermodynamic model will be established to explain the phase competition during the 
ball milling process.  
The consolidation process using HIP is studied on the as-ball-milled Ti-75Al 
powders and the mechanical properties of consolidated materials is also investigated. 
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A proper characterization of a material is a bridge between the material synthesis 
and processing, and the understanding of the unusual properties of the material. In the 
present study, material characterizations were examined by different kinds of 
experimental equipment, such as x-ray diffractometry, differential scanning 
calorimetry and differential thermal analyzer, thermogravimetric analyzer, scanning 
electron microscopy and transmission electron microscopy, etc. To make the 
qualitative and quantitative analyses in the following chapters be clearly understood, 
the mechanisms of the above equipment are explained.  
In the present investigation, the research focuses on the phase transformation 
during ball milling, the formation mechanism of new phases, and the characteristics of 
synthesized powders. Therefore, a number of test equipment like x-ray diffractometry, 
scanning electron microscope (with EDX), differential thermal analyzer, 
thermogravimetric analyzer and CHN analyzer were frequently used in this study.  
 
2.1. X-ray Diffraction (XRD) 
 
X-ray diffraction has been proven to be a standard, simple and reliable 
characterization technique for various types of materials. Comparing with TEM or 
other techniques, XRD has the obvious advantages in sample requirement, result 
interpretation, etc. 
Besides the phase identification, XRD can be used to make fundamental study of 
age-hardening phenomena and reveal subtle changes in the ordering of the atomic 
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lattice, and also for the grain size measurement when the size is beyond the limits of 
resolution of microscopy [106, 107].  
Ball milling in the present research often results in structural changes in the 
preliminary material blends, grain refinement of the milled materials, lattice strain 
accumulation and solid solution formation during processing. XRD is therefore 
employed in this study to monitor the above changes throughout the whole process. 
The XRD machine used in the present study is shown in Fig. 2.1 (a) and XRD 
operation is schematically illustrated in Fig. 2.1 (b). 
 
2.1.1 Bragg’s Law 
Structural identification using XRD is based on Bragg’s law.  It was named after 
W.L. Bragg for his great contributions to this field. This law states [104, 105, 106, 
107] that if a diffraction beam is produced when a beam of x-ray passes through a 
crystal, it must be in such a direction that it may be considered as derived by a 
reflection of the incident beam from one of the sets of lattice planes, as shown in Fig. 
2.1 (c). Such a reflection will only occur if the following condition is satisfied: 
2 d Sinθ = n λ              (2-1) 
where θ is the diffraction angle, d, the spacing distance of diffraction planes {hkl}, and 
λ, the wavelength of incident x-ray.  A set of crystallographic planes parallel to (hkl) 
will diffract together to build up the diffraction rays. If there is a small disagreement in 
phase between beams diffracted from the successive planes, the regularity of the 
spacing of the planes, together with their large number, will cause destructive 
interference and no diffraction pattern will be appeared. 
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Fig. 2.1 (a) SHIMADZU XRD system, (b) schematic representation of XRD operation 
and (c) derivation of Bragg’s Law. 
 
2.1.2 Structural characterization 
By indexing the XRD peaks, both 2 θ (or d) and intensity ratio, and reference to 
the standard Powder Diffraction Files [108] the compound phase and/or structure of 
the phase can be determined.  
In order to interpret the XRD patterns, the standard Miller Index Notation is used 
to define the planes and direction in the crystals. In the present study, Al and Ti are the 
two major elements used and they belong to Face-Center-Cubic (FCC) and Hexagonal-





The following equations can be used to calculate the lattice parameters of 
different elements: 
(1) FCC system: a=b=c, α=β=γ=90° 
              
222 lkh
adhkl ++=      (2-2) 
 
(2) HCP system: a=b≠c, α=β=90°, γ=120° 









hkkhdhkl +++=      (2-3) 
It can be seen from equations (2-2) and (2-3) that it is relatively easier to 
calculate the lattice parameters in FCC system. The inter-planar spacing hkld can be 
obtained from the Bragg’s Law (2-1) using the corresponding diffraction peak position 
from plane (hkl). The lattice parameter a can therefore be found using equation (2-2). 
However for HCP system, diffraction peaks should be carefully chosen. For example, 
in order to get c, it is better to have a plane with h and k equal to zero such as (00l), 
while to obtain a, diffraction peaks from (hk0) are preferred.  
An important application of monitoring lattice parameter in the element is to 
estimate the solubility [109]. The dissolution of other elements will usually cause the 
expansion or contraction of the lattice cell of the mother element. The change in the 
lattice cell will accordingly increase or decrease the lattice parameter to some degrees. 
Through observing the shift in XRD peak, the change of the lattice parameter can be 
determined and therefore the solubility be estimated. 
 
2.1.3 Estimation of crystallite sizes and lattice strains 
There are several ways to measure the grain size in polycrystalline materials such 
as optical microscopy observation for relatively larger grains, SEM and TEM for very 
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fine crystals. XRD provides an alternative means to determine the crystallite sizes, 
especially for those smaller than 1 µm.  
Grain sizes of MAed powder was determined using XRD method based on the 
broadening of XRD peaks. It is known that the width and the shape of the XRD peaks 
are related to the crystalline size, lattice strains and the defects inside. It is usually 
accepted that small grain size, high lattice strain level and high density of defects will 
result in the broadening and shape change of the XRD peaks. XRD peaks tend to 
conform to Gaussian distribution for larger crystallite size, while to Cauchy shape for 
materials with very small gain size. Once the XRD peak profile is determined, the 
crystallite size, lattice strain can be estimated. Because of the complexity of the effect 
due to defects in the XRD peak, broadening due to this component was usually omitted 
in the calculations. 
There are two popular approaches to estimate the grain size, Scherrer’s equation 
and Williamson-Hall equation.  
Scherrer’s equation [104, 105] derived the average grain size D from the full 
width at half maximum (FWHM) of XRD peak, excluding any effects from the lattice 
strains and defects.  
                            
)cos(θβ
λkD =      (2-4) 
where k is Scherrer’s constant which is usually taken as 0.9, λ the wavelength of 
radiation, β, the FWHM and θ the Bragg angle. 
The Williamson-Hall equation [110, 111], on the other hand, took the lattice 
strain into consideration. It contains two parts as shown in equation (2-5): 
                       )sin(2)cos( θελθβ +=
D
k     (2-5) 
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The first part on the right-hand side of the above equation represents the so-
called Scherrer (crystallite size) broadening of the Bragg peaks, while the second term, 
the strain broadening. Here ε is the average lattice strain.  
The grain size D may be determined by extrapolating the straight line plot of β 
cos(θ) versus sin(θ) to sinθ=0, while the strain factor ε may be obtained from the 
gradient of the same straight line. 
The materials obtained by ball milling usually possess very fine grain size (most 
of the time in the nanometer range) and with accumulation of high density of defects 
and lattice strains [47], it is therefore very common to use Williamson-Hall equation to 
estimate the grain size and lattice strains. This equation is used throughout the present 
investigation. 
 
2.2. Thermal analysis 
 
Thermal analysis is defined as the analytical experimental technique used to 
investigate the behaviors of materials as a function of temperature under controlled 
conditions [112]. There are many thermal analysis methods such as differential thermal 
analysis (DTA), differential scanning calorimetry (DSC), thermogravimetric analysis 
(TGA), etc.  
In the present study, DTA and TGA are used. The details of these two techniques 
will be described in the following sections. 
It is necessary to firstly describe the objectives of using DTA and TGA in this 
study: 
(1) First of all, ball milling introduces high density of defects, and strains 
in the powder materials. In the subsequent heat treatment, recovery of 
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the microstructures occurs, which usually is accompanied by heat 
release. It is therefore important to have DTA to record the heat (or 
enthalpy) changes during this process and to explain the mechanisms 
behind. 
(2) Metastable phases like supersaturated solid solution and amorphous 
phases can also be formed during the ball milling process. The thermal 
stabilities of the milled powders, such as amorphous crystallization, 
were important for the present study. DTA is a relatively simple tool to 
provide such information. 
(3) After milling, the extremely fine laminated structure of Ti and Al layers 
are the most common product in this investigation. The fine layered 
microstructure may lead to different phase transformation paths and 
kinetics as compared to the bulk materials. This may be revealed in the 
enthalpy (heat) changes during the phase transformations. This is 
another reason why DTA is employed in the present study. 
(4) Nanostructured powder materials could be obtained after long enough 
time of milling. The grain growth kinetics of nanostructured materials 
could also be studied by DTA. 
(5) Due to the imperfect ball milling sealing conditions, some 
contaminations were difficult to be avoided. The contaminants could 
usually combine with Ti or Al. During heating process, they would 
decompose and be released in gas form. In such a case, TGA is 
important to record the mass loss as a function of temperature. 
Guidelines on degassing temperatures before consolidation of the 
powder materials could be provided by information from TGA. 
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2.2.1 Differential thermal analysis (DTA)  
Differential thermal analysis (DAT) is a technique in which the difference in 
temperature between the sample and a reference materials, ∆T (TS−TR), is monitored 
against time or temperature while the temperature of the sample, in a specified 
atmosphere, is programmed [113]. A reference material is a thermally inert substance 
which exhibits no phase change in the whole test temperature range. The peaks in DTA 
curves are usually originated from exothermic or endothermic reactions such as, 
melting, crystallization, decomposing, phase transformation, oxidation and reduction 
etc. 
 
2.2.2 Reaction kinetics study using DTA  
One of the most important applications of DTA is to investigate the reaction 
kinetic of various materials. A potential energy barrier (activation energy) usually 
exists impeding the reaction from occurring in a kinetic restriction case. If the 
materials can obtain enough energy to overcome (activated) this barrier, the reaction 
can start. It is therefore very important to find the activation energy for the reaction. 
The reaction rate or conversion curve can be obtained if the activation energy is 
known. 
The rate of solid-state reaction is commonly given by the following equations: 
nK
dt
td )1()( αα −=      (2-6) 
where α is the concentration of the reactant, t, the reaction time, n, the reaction order 
and K, the rate coefficient (unit s-1), which follows the Arrhenius equation: 
K = A exp (-E/RT)     (2-7) 
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In equation (2-7), A is the frequency factor with unit of s-1, E (kJ/mol), the 
activation energy, T(K), the temperature of sample and R (J/mol K), the gas constant. 
Equation (2-6) can therefore be transformed to: 
nRTEA
dt
td )1)(/exp()( αα −−=    (2-8) 
There are two approaches to obtain activation energy using DTA: isothermal and 
dynamic methods. Dynamic approach is preferred because: (a) experiments are faster 
and results are easier to interpret; (b) the reaction can be carried out over a wider range 
of temperature; and (c) many reactions can be recorded in a single experiment. 
One of the most commonly used methods to calculate kinetic parameters is 
Kissinger’s method [114]. It assumes that the reaction rate follows equation (2-8). 
Another important assumption of this method is that the peak maximum (exothermic 
peak position) in the DTA curve occurs at the same temperature as the maximum 
reaction rate. The reaction is further assumed to proceed at a rate which varies with 
temperature and therefore the position of the DTA peak is a function of heating rate. 
The temperatures of the exothermic peak therefore change with the heating rate φ. 
Through the variation of the position of peak maximum, activation energy can be 
obtained regardless of the value of reaction order n. The reaction rate occurs when: 
0/)/( =dtdtdd α      (2-9) 







E −−= −αφ          (2-10) 
where Tm is the reaction peak temperature in the DTA curve, and φ is the heating rate. 
By substituting an approximate solution of equation (2-8) into equation (2-10) and 









)/(ln 2 −=φ      (2-11) 
From equation (2-11), in order to obtain activation energy E, lnφ/Tm2 versus 1/Tm 
diagram should be plotted. A straight line is expected to be obtained and since the 
slope of the line is –E/R, E therefore can be calculated from the slope.  
 
2.2.3 Thermogravimetric analysis (TGA)  
While DTA is sensitive to heat (temperature) change of materials, the 
thermogravimetric analysis (TGA) examines the weight (mass) variations of tested 
materials as a function of temperature in a scanning mode or as a function of time in 
isothermal mode under a controlled atmosphere [112].  
TGA is useful to any reaction with weight changes during heating or isothermal 
treatment such as oxidation, reduction, decomposition, absorption, de-sorption, etc. In 
order to get information with this technique, the tested material must produce a volatile 
product or attract substance from the atmosphere. 
 
2.3. Hot isostatic pressing (HIP) 
Hot isostatic pressing (HIPing) is a process that high pressure gas (usually inert 
Ar) and elevated temperature are applied simultaneously to a specially constructed 
vessel [115]. Because the pressure transmission medium in HIPing is inert gas, the 
pressures applied to the work pieces are generally regarded as isostatic. Under the 
conditions of high temperature and isostatic pressures, the internal pores or defects 
within solid body collapse and welded together, while the encapsulated powders are 
densified and consolidated.  
On atomic scale, the isostatic pressure arises from molecules or atoms of gas 
colliding with the surface of the object. Each gas atom is acting as an individual “hot 
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forge”. Under particular processing conditions the gas atoms may be moving at a 
velocity of around 900 m/s and approximately 1030 collision events are occurring per 
square meter per second. These tiny atomic forges have the ability to reach all surfaces 
of the component, including the reentrant angles, and to act reliably and consistently 
independently of the shape of the component. On average, the numbers of gas atoms 
moving through unit area, and their velocities, are the same in all directions. Thus, the 
pressure on every surface of a component being processed is the same and acts in a 
direction normal to the surface.  
HIPing is accepted to be superior to the conventional unidirectional pressing. In 
conventional unidirectional pressing, the pressure is applied along a single axis by a 
ram. The pressure is transmitted by contact between the solid surfaces of the ram and, 
die and the component under pressure. Since the friction exists between the object and 
the die walls, this contributes to a variation in pressure with the position in the 
compact. As a consequence, the resolved pressure is not the same at all points on the 
surface if the object and, when powder is being consolidated and porosity removed, 
this can lead to non-uniform densification. However, no such problem can be 
encountered in HIPing.  
The pressure of HIPing is typically around 100~200 MPa. The gas pressure 
developed during HIPing cycle is achieved both by a mechanical compressor and by 
heating the gas in a closed space (constant volume). The latter effect tends to dominant 
in most of systems. HIPing is usually conducted at a temperature higher than 0.7 Tm, 
where Tm is the melting point of the material. Some components may contain a 
relatively low melting point constituent that aids pore removal if the HIPing is carried 
out between the melting points of this constituent and that of the matrix. The relatively 
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high temperature during HIPing is necessary to lower the yield strength and to raise the 
diffusivities in the materials sufficiently for pore closure to occur in a reasonable time. 
HIPing can help to remove the pores which are inevitable from the packing of 
the powders. In sintering, the driving force for pore closure can be simplified as the 
reduction of surface area and hence the surface energy of the pores. However, when 
pressure is applied in addition to the heat, as in HIPing process, the densification 
mechanisms are modified. Densification is dependent on the pressure, temperature, the 
pore size the location of the pores. With the help of pressure, densification can usually 
be achieved at relatively lower temperature and shorter time of exposure at elevate 
temperature. This will eventually prevent the grain size from the excessive growth.  
In most of the cases, Ar is used as the pressurizing medium because of several of 
its special characteristics. First of all, Ar is chemically inert and will not react with 
other materials. Secondly, Ar is nearly completely insoluble in any materials. This is 
important to the quality of HIPed components. If Ar was able to dissolve into solid 
during HIPing, it would re-precipitate as porosity when the pressure and elevate 
temperature were removed. It is also important that the Ar is of high impurity. For 
example, 0.067% oxygen at 150 MPa can generate an oxidation rate equivalent to that 
of heating the same materials in pure oxygen at 1 atm.  
Encapsulation is required for powders consolidation, interface bonding and 
surface-connected porosity sealing etc. The envelop is required to be relatively strong, 
gas tight, inert and plastic under the applied pressure and temperature conditions, 
compatible with the materials to be pressed so as to minimize diffusion reactions and 











3.1. Powder preparation 
3.1.1 Al3Ti and γ-TiAl systems 
The commercially pure Ti, Al, Mn, and Nb powders with particle size less than 150 
µm were used as the starting materials. Table 3.1 shows the compositions of the powder 
mixtures used in the present study. The powder mixtures were blended in a V-blender for 
3 hours before ball milling. Fritsch 5 planetary ball mill with hardened stainless steel vial 
and balls (20 mm in diameter) were employed for milling. A ball-to-powder ratio of 20:1 
was chosen and the milling speed was fixed at 200 rpm. In order to prevent the powders 
from cold welding during milling, 3 wt % of process control agent-PCA 
[CH3(CH2)16CO2H] was used. To minimize atmospheric contamination during milling, the 
vial was first evacuated using vacuum pump for half an hour and then filled with 99.9% 
pure Argon gas to about 1 atm pressure before milling. To further protect the powders 
from contamination from atmosphere, sealing tapes were used to cover the milling vial 
during milling. The milling process was paused for 30 minutes after every 30 minutes of 
milling to prevent excessive temperature rise inside the vial. 
Table 3.1 Compositions of powder mixtures in the study (at. %) 
Batch Al Ti Mn Nb 
1 75 25 -- -- 
2 58 42 -- -- 
3 48 48 2 2 
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3.1.2 TiN systems 
Ball milling was conducted in a horizontal Uni-Ball Mill using a stainless steel vial 
and 4 stainless steel balls. Commercially pure Ti (99.9 at.%) with particle size less than 
150 µm was mixed with pyrazine (C4H4N2) to satisfy the stoichiometric ratio of Ti:N=1:1 
for TiN. The milling process was carried out in liquid benzene.  
The weight of powder was 15 grams and the ball to powder weight ratio was about 
6.5:1. To prevent contamination, the vial of the ball mill was evacuated with a vacuum 
pump and then filled with purified Ar gas to a pressure of 1 atm before milling. After 
different intervals of milling, a small amount of powders was taken out for immediate 
structural and thermal analysis.  
 
3.1.3 Al-TiN composite 
The research on Al-TiN was divided into two parts: one-step formation and two-step 
formation of Al-TiN. For the one-step method, elemental Al and Ti powders were milled 
directly with pyrazine, while for the two-step method, elemental Ti was first milled with 
pyrazine for a certain period of time and then elemental Al was added in. Ball milling was 
carried out in a vertical Uni-Ball Mill using a stainless steel container and 4 stainless steel 
balls of 25 mm diameter. Commercially pure Al (99.9%) and Ti (99.9%) powders with 
particle size less than 150 µm were employed in this study. The chemical composition of 
the powder mixture was based on Al-25 at.%TiN. 15 grams of powders were milled in 
every batch. The ball to powder weight ratio was kept at 6.5:1. For one-step processing, 
Al, Ti and pyrazine were mixed according to the designed compositions and milled 
together in a benzene solution. For two-step processing, Ti and pyrazine mixture was 
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milled first. After the formation of TiN compound had been confirmed, suitable amount of 
pure Al was added in to form the respective Al-TiN composite. 
 
3.2. Powder characterization using XRD 
The structure of the powders was determined using a Lab 6000 SHIMADZU X-ray 
diffractometer with Cu Kα radiation (λ=1.5406 Å). For phase identification, scan speed of 
2° per minute was used. To precisely calculate the grain size and the lattice strain of the 
milled powders, a step scan mode with scanning step of 0.02 degree and preset time of 2 
second was utilized.  
XRD patterns of mechanically alloyed powders are usually made up of a series of 
broadened or overlapped peaks due to continuous milling. To estimate the peak position 
and profile more accurately, software provided by Shimadzu was employed for correction 
and peak separation. 
The Bragg peaks of the powder enable accurate determination of the lattice 
parameter of the samples and from the broadening of the Bragg peaks the grain size and 
the lattice strain in the material can be calculated. The methods of calculation have been 
explained in Chapter 2.  
Grain size D of the MAed powders was determined from the broadening of the x-ray 
diffraction profiles using Williamson-Hall’s equation [111]: 
B cosθB =0.9λ/D +2ε sinθB     (3-1) 
where B is the broadening of the profile, θB , Bragg angle, λ, wavelength of the radiation 
and ε, lattice strain factor. D may be determined by extrapolating the straight line plot of B 
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cosθB versus sinθB to sinθB=0, while the strain factor ε may be obtained from the gradient 
of the same straight line. 
 
3.3. Thermal analyses 
The mechanically alloyed powders were analyzed by differential thermal analyzer 
(DTA) to measure the transformation temperature and transformation enthalpies. Kinetics 
of phase transformations of ball milled powders were also studied using DTA. 
A Rheometric™ STA 1500 thermal analyzer and a TA 2029 DSC was used to 
measure the transition temperature and enthalpies of the ball milled powders at a heating 
rate of 20°C/min. The melting transitions of pure indium and gold were used as the 
temperature and enthalpy calibration standards of the thermal analyzer. To study the 
reaction kinetics, different heating rates from 5 to 60°C per minute were applied. 
Commercially pure Argon gas was used in all cases as a protection gas. The samples 
were examined by x-ray diffractometry shortly after the thermal treatment in order to 
detect any products obtained after heat-treating. 
 
3.4. Consolidation of Al3Ti powders 
The powder mixture was loaded into a stainless steel tube with inner diameter of 40 
mm and 75-mm height without any liner. The tube was sealed using plasma arc welding as 



















































Fig.3.2 (b)  HIPing cycle parameters for Al3Ti milled for 0 hour. 
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The welded capsule was heated to about 400°C and vacuumed for about half an hour 
in order to evacuate any gas in the tube. HIPing parameters are shown in the Fig. 3.2. For 
the 30-hour-milled powders, HIPing was conducted at 800°C in order to prevent from 
sharp growth in grain size. As for the 0-hour-milled sample, which is a mixture of Al and 
Ti powders, the consolidation was carried out at 1000°C to obtain a fully densed material.  
The HIPed materials were annealed at 300°C for 4 hours to relief stress. They were 
then mechanically cut into small samples. 
The samples were cold mounded into epoxy resin and cured at room temperature, 
ground and polished using diamond suspension till 1 µm. The polished samples were 
subjected to micro-hardness indentation test to determine the strength and indentation 
fracture toughness K1C of the materials. 
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Chapter 4 Formation of Al3Ti Intermetallic Compound  






The current research on ordered intermetallics is motivated by the need of high-
strength structural materials for high temperature applications. Single-phase early 
transition metal aluminides Al3Ti have desirable properties such as high melting 
temperature, low density, good oxidation resistance, and low chemical interdiffusion 
(i.e. good thermal stability). An Al-Ti phase diagram is shown in Fig. 4.1. 
 
 
Fig. 4.1 Phase diagram of Al-Ti 
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Because of the high Al content of Al3Ti, its density is about 3.3 g/cm3 which is 
lower than that of other titanium aluminides. Experimental results show that the 
Young’s modulus of polycrystalline Al3Ti at room temperature is about 216 GPa, 
which clearly surpasses those of other titanium aluminides, and is of the order of the 
superalloys [116]. Furthermore, the oxidation resistance of Al3Ti is significantly higher 
than that of TiAl and Ti3Al, and thus Al3Ti is a candidate phase for lightweight 
structural applications. Al3Ti is also being considered as an oxidation-resistant coating 
on Ti alloys and titanium aluminides. Recently, it has been applied as thin film 
interconnections in microelectronic devices where the Al3Ti acts as a diffusion barrier. 
Compared with Al metallization, intermetallic aluminides are advantageous because of 
their lower diffusion coefficients and the superior properties have been shown by Al3Ti 
film.  
Al3Ti is of tetragonal D022 crystalline structure. This structure is derived from 
close-packed cubic L12 structure by the stacking of L12 cubes with periodic anti-phase 
boundaries in between, and thus the D022 structure may be regarded as a tetragonally 
distorted, long-period ordered, cubic structure, as shown in Fig. 4.2 [117]. The 
deformation of Al3Ti has been studied intensively [117-119]. It is found that the major 
deformation mechanism in Al3Ti is twinning, which does not affect the D022 symmetry 





Figure 4.2. Possible Crystalline Structures of Al3Ti. 
It is found that Al3Ti has nearly no ductility at temperature lower than 620°C and 
cracks are usually nucleated readily at structural heterogeneities such as inclusions, 
second phase particles, grain boundaries, etc. The lack of ductility of this alloy is often 
associated with the lack of sufficient number of slip systems to satisfy the Von Mises 
criterion for slip deformation in polycrystalline materials.  
Research in Al3Ti has been focused on the development of ordered alloys that 
can retain their attractive properties at high temperature, while brittleness at ambient 
temperature can be improved to increase the process-ability of the alloys. In order to 
improve the ductility of Al3Ti at room temperature, several techniques have been 
proposed: (1) Alloy addition in the atomic percentage range (Macro-alloying) in order 
to stabilize the cubic L12 structure versus D022 or D023 structures [122]; (2) Micro-
alloying with very small amount of alloy addition to decrease twinning and anti-phase 
boundary (APB) energy in D022 or D023 phases and therefore improve the ductility 
[118]; and (3) Microstructural refinement to obtain nanocrystalline intermetallic 
compounds, a hot topic in recent years, in the attempts to improve the ductility of 
intermetallics [123, 124]. It was found that small additions of B or Li may impart some 
ductility to Al3Ti [121]. The addition of alloy elements is supposed to lower the 
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stacking fault energy and increase the ductility of Al3Ti. Ductility of Al3Ti can be 
greatly improved by the transformation from D022 to L12. From the relationship 
between D022 and L12, it is possible at least in principle, to transform one structure to 
another by influencing the anti-phase boundary (APB) energy on the cube planes. Such 
a transformation would be beneficial to ductility since L12 structure has a higher 
symmetry and hence a higher number of slip systems. 
The strength and ductility of polycrystalline alloys can also be increased by 
microstructure refinement. Some research results suggested that grain refinement may 
be a viable method of making any intermetallic ductile. Because alloys with fine-
structure are prone to excessive high-temperature creep caused by grain boundary 
sliding, researchers are looking for techniques to reinforce fine-grained intermetallics 
with continuous fibers or other particulates. Two processes to prepare fine-structure 
intermetallics that are receiving increasing attention are rapid solidification and 
mechanical alloying (MA). Both processes are able to produce powders with refined 
microstructures and/or metastable phases that can be consolidated into useful parts. In 
the present investigation, mechanical alloying was used to fabricate the Al3Ti 
intermetallic compound. 
The formation of Al3Ti phase using MA could be traced back to Srinivasan et al. 
who studied the Al/Al3Ti two-phase composite in the early 1990’s [61]. At that time, 
attentions were directed to the formation of fine Al3Ti-dispersed composite. Recent 
researches on Al rich Al-Ti systems using MA techniques are more concerned about 
solutions to overcome the brittleness of Al3Ti at room temperature. Most of the works 
done were focused on: (1) phase evolution during MA; (2) thermal stability of MAed 
powder in the subsequent thermal treatment [125, 126]; and (3) effects of alloying 
elements on thermal stability and mechanical properties [127, 128]. Comparing to 
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structural evolution and phase thermal stability, investigations on mechanical 
properties of the consolidated Al3Ti powders were rarely reported. Research by Varin 
et al. showed that the fracture toughness of Al3Ti compacts hot-pressed from 
nanocrystalline powders was even more inferior to that of coarse-grained Al3Ti [129].    
The research efforts in the present study will be concentrated on the structural 
evolution of Ti-75Al powders during the ball milling process, thin film like 
interactions, and thermal stability of the MAed powders during post-milling heat 
treatment, grain growth phenomenon of the nanocrystalline Ti-75Al powders, and 
finally the mechanical properties of consolidated Ti-75Al powders using hot isostatic 
pressing (HIPing). 
 
4.2. Experimental results 
 
4.2.1. Contamination in the milled powders 
Contamination during ball milling is a serious problem in MA technique. The 
carbon, hydrogen and nitrogen contents of powders milled for different time intervals 
were measured by a CHN combustion analyzer and the results are listed in Table 4.1. 
Since the CHN combustion analyzer used oxygen to react with C, H, and N during the 
analysis, the oxygen content in the sample therefore can not be detected.  It can be seen 
that the H and N contents in all of the samples were negligible (except for the sample 
milled for 40 hrs). The very small amount of nitrogen in the samples suggests that 
contamination from air (or atmosphere) is very little also. However, contamination 
from C is around 1-2 wt.% for almost all the samples. The high C content was 
probably caused by the PCA used. Considering the 3 wt.% of PCA in the starting 
materials, the contents of C, H and O in the powders can be calculated as 2.28, 0.38 
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and 0.34 wt.% respectively. If this is true, then, oxygen contamination could also be 
possible from the decomposition of PCA. The carbon inside could be beneficial to the 
mechanical properties of the alloy because it tends to react with the transition metal Ti 
to form a very fine dispersion of carbides. These fine dispersions are expected to 
restrict grain growth during the subsequent annealing process or consolidation process 
and can also strengthen the alloy [61]. 
 
Table 4.1. Carbon, Hydrogen and Nitrogen contents in Ti-75Al powders milled 
for different time intervals 
 
Milling Time (hrs) C (wt %) H (wt %) N (wt %) 
1 1.67 0.06 0.07 
5 1.42 0.02 0.06 
10 1.18 0.07 0.11 
15 1.90 0.03 0.24 
20 1.87 0.20 0.14 
30 0.22 0.05 0.09 
40 1.85 0.00 1.01 
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4.2.2. Evolution of powder morphology 
During ball milling process, morphology of the powders and particle size 
changed continuously. It is important to obtain information on such changes for 
powder consolidation processes.  The typical morphologies of powders after different 
durations of ball milling are shown in Figs. 4.3 (a) to (h). 
It could be seen from Fig. 4.3 (a) that the powder morphology is rod or sphere 
like with relatively smooth surface before ball milling. In the initial stage of milling 
with the milling time less than 5 hours, the ductile Al powder was deformed and 
transformed into pancake-like morphology as shown in Figs. 4.3 (b) and (c). In the 
mean time, the powder surface is no longer as smooth as before. This might be due to 
collisions between the powder and the stainless steel balls during milling. It should be 
mentioned that the thickness of the powders reached a minimum after 5 hours of 
milling. After that, the powder morphology changed from pan-cake like to particle 
morphology again. 
With the increase in milling time, fracture of the powder became a dominant 
factor, resulting in a significant decrease in particle size after 10 hours of milling as 
shown in Figs. 4.3 (d) to (h). Agglomeration of the powders could normally be seen 
after the refinement of the powder particles. It could be observed that the fine powder 
particles formed a porous structure in some agglomerated big particles as indicated in 
Figs. 4.3 (g) and (h).   
Using an Image Analyzer and its attached software, the particle size of powder 
MAed for different duration of time were measured. Changes in powder particle sizes 



































Fig. 4.3 (h) SEM micrograph of Ti-75Al powder after 40 hour of milling.  
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Ti-75Al 1 hour of milling
 
Fig. 4.4 (a) 




















Ti-75Al 5 hours of milling
 





















Ti-75Al 10 hours of milling
 
Fig. 4.4 (c) 



















Ti-75Al 15 hours of milling
 

























Ti-75Al 20 hours of milling
 
Fig. 4.4 (e) 






















Ti-75Al 30 hours of milling
 
Fig. 4.4 (f) 
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Ti-75Al 40 hours of milling
 
Fig. 4.4 (g) 
Fig. 4.4 Particle size distribution in Ti-75Al powder mixtures after (a) 1, (b) 5, (c) 10, 
(d) 15, (e) 20, (f) 30, and (g) 40 hours of milling. 
 
The size of the particle was sharply reduced at the beginning of milling. After 15 
hours of milling, the particle size reached 2.5 µm. Thereafter, the minimum particle 
size was achieved and remained almost unchanged at about 2.5 µm until 40 hours of 
milling. 
In the initial stage of milling, the particle size distribution was relatively wide 
and powders at various size ranges. With the increase in milling time, particle size 
distribution was observed to narrow down. But large particles appeared due to 




4.2.3. Evolution of powder mixing 
We described the powder morphology evolution in the previous section. 
However, it is the powder mixing which will affect the interfacial reactions between 
elemental Ti and Al both during ball milling and heating processes. 
Cross-sectional views of powder after 1 hour of milling are shown in Figs. 4.5 
(a) and (b). The brighter color phase represents Ti, while the darker, Al. It could be 
seen that both Al and Ti powders have experienced plastic deformation and are 
elongated. They tend to form streamline type morphology. No intermixing of Ti and 
Al could be observed in the high magnification image as shown in Fig. 4.5 (b). Ti and 
Al are still separated.  
Although real intermixing did occur after 5 hours of milling, Ti and Al formed 
the so-called lamellar structures as shown in Figs. 4.6 (a) and (b), and Table 4.2. The 
lamellar spacing is in the range of 1 to 5 µm. Streamline like Al and Ti layers could 
observed due to the repeated deformation of the powders. 
 
Table 4.2 Size of lamellar and Ti particles of ball milled Ti-75Al powders 
Milling Duration (h) Lamella thickness  Large Ti particles  
1 10~35 µm (~70 µm big Al) 35~125 µm 
5 1~5 µm 20~40 µm 
10 130~180 nm 300~900 nm 
15 75~120 nm 150~900 nm 
20 40~100 nm 300 ~800 nm 
30 Not resolvable  Not resolvable 
40 Not resolvable Not resolvable 
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With the milling time increased to 10, 15 and 20 hours, lamellar structures of 
Al/Ti obtained are getting finer and finer as shown in Figs. 4.7 to 4.9. It needs to 
mention that the inter-spacing of the Al/Ti lamellas was reduced to the range of 75 to 
120 nm with the increase of milling duration to 15 hours, as shown in Table 4.2. After 
20 hours of milling, lamellas with spacing less than 100 nm (as small as ~40 nm) have 
been achieved as shown in Fig. 4.9 (b). Results from EDAX showed that certain 
amount of Ti had been dissolved into the Al layer, while Al could also be detected in 
Ti lamella. Large Ti and Al particles, which have not experienced sufficient plastic 
deformations, could still be seen after 20 hours of milling as indicated by arrows in 
Figs. 4.9 (a) and (b).  
After 30 and 40 hours of milling, no lamella morphology could be resolved as 
shown in Figs. 10 (a) and (b). Ti and Al are fully inter-mixed and the powder looks 
like a single phase. EDAX results given in Fig. 4.10 (c) and Table 4.3 indicated a 
single phase of Al-Ti with atomic ratio of about 77:23. 
 73
 
Fig. 4.5 (a) SEM micrograph of Ti-75Al powder after 1hour of milling, at low 
magnification. 
 









Fig. 4.6 (a) SEM micrograph of Ti-75Al powder after 5hour of milling, at low 
magnification. 
 










Fig. 4.7 (b) SEM micrograph of Ti-75Al powder after 10 hour of milling, at high 
magnification.
Ti 





Fig. 4.8 (a) SEM micrograph of Ti-75Al powder after 15 hour of milling, at low 
magnification. 
 




Fig. 4.9 (a) SEM micrograph of Ti-75Al powder after 20hour of milling, at low 
magnification. 
 





Fig. 4.10 (a) SEM micrograph of Ti-75Al powder after 40 hour of milling, at low 
magnification. 
 






Fig. 4.10 (c) EDAX spectrum of Ti-75Al after 40 hours of milling 
 
 
Table 4.3. EDAX results  
Element Weight% Weight% Sigma Atomic% 
Al K 65.19 0.03 76.87 
Ti K 34.81 0.03 23.13 
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4.2.4. Structural evolution 
 
X-ray diffraction patterns of Ti-75Al powder mixtures after different ball milling 
time intervals are shown in Fig. 4.11. It can be seen that before 5 hours of milling, very 
few changes could be observed from both the positions and the intensities of the peaks. 
After 5 hours of milling, a gradual decrease in intensity of all Ti peaks can be 
observed. In the mean time, the positions of the Al peaks are shifted to the higher angle 
direction due to the decrease in lattice parameter, due to the result of dissolving of Ti 
into Al lattice. The Ti diffraction peaks can still be distinguished after 20 hours of 
milling, but disappeared after 30 hours.  
This was clear evidence that the lattice parameter of Al was decreased. The 
decreased Al lattice parameter was a result of dissolving of other elements in it. In the 
present investigation the dissolving of Ti is the reason for the shrinkage of the Al 
crystalline lattice. From the X-ray diffraction peak positions, the lattice parameter “a” 
can be determined according to Bragg Law:  
2dsin(θ )=λ; 
where d is the spacing of a series of crystalline planes, θ, the diffraction angle and λ, 
the wavelength of the X-ray radiation. For cubic crystals, the lattice parameter a has 
the following relationship with d: 
222 lkh
ad ++=  
where h, k, and l are the Miller’s indices of the crystalline planes. 
The Nelson-Riley function was used to accurately estimate the lattice parameters 
[130]:  
∆a/a0 = K (Cos2 θ/ Sin θ + Cos2 θ/ θ) 
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Where ∆a = a- a0 is the error due to the calculation using only 1 diffraction peak, K is a 
constant. If a versus (Cos2 θ/ Sin θ + Cos2 θ/ θ) was plotted, the accurate lattice 
parameter a0 could be obtained when the right hand-side was extrapolated to 0. 
The amount of titanium dissolved in the Al lattice was estimated by the method 
suggested in reference [131]. According to this method, the lattice parameter of Al 
decreases by 0.0054 Å for every 1 wt.% of Ti in Al. The calculated Al lattice 
parameter a values after different times of milling are listed in Table 4.4 and shown in 
Fig. 4.12.     
 
 
Table 4.4. Ti-75Al Al lattice parameter and amount of Ti dissolved in Al 
Milling time (hrs) Lattice Parameter a (Å) ∆ a (Å) Ti dissolved in Al (wt%) 
1 4.0493 -0.0001 0.0 
5 4.0487 -0.0007 0.1 
10 4.0476 -0.0018 0.3 
15 4.0283 -0.0211 3.9 
20 4.0134 -0.0360 6.7 
30 3.9856 NA NA 
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Fig. 4.12. (a) Changes in Al lattice parameters after different time of milling, and (b) 




From Table 4.4 it can be observed that before 10 hours of milling, small changes 
in the Al lattice parameters imply that the interdiffusion between Al and Ti is 
negligible. The Ti content in the Al lattice is less than 0.5 wt.% before 10 hours of 
milling suggesting that the effect of ball milling is mainly a change in powder particle 
morphology and refinement of the particle size. With 75 at. % of ductile Al powder in 
the starting powder mixtures, a lamella structure of Al and Ti is expected to be formed 
even though the diffusion process is not dominant. After 10 hours of milling, the lattice 
parameter of Al decreases while the Ti content in Al increases both at a much faster 
rate. This trend continues until 30 hours of milling, indicating that the interdiffusion 
process between Ti and Al occurs mainly during the first 10 to 20 hours of milling. 
Before this period, the coefficient of diffusion was very low. This is reasonable 
because milling of less than 10 hours involves only the mixing of Ti and Al which is 
far from homogeneous and the area of activated “atomic scale fresh surfaces” is 
negligible for fast interdiffusion, as shown in Figs. 4.5 and 4.6.  
Only f.c.c. phase remained after 30 hours of milling and no further change was 
observed until 40 hours of milling. Formation of the f.c.c. phase in the later stage of 
Ti-75Al ball milling has been reported elsewhere [61, 84, 86, 97], but different 
explanations of the formation were given. The lattice parameter of this phase was 
determined as 3.9856 Å and 3.9830 Å after 30 and 40 hours of milling respectively. 
The results obtained are very close to the lattice constant of L12-Al3Ti of 3.98±0.01Å 
determined by Hong et al. [132], 3.967 Å determined by Schwarz et al. [133] and 
4.001±0.004 Å by Klassen et al. [86]. This implies that the newly formed f.c.c. phase 
in the present study is also a L12-Al3Ti. In this investigation, no superlattice XRD 
peaks from L12 could however be found at 2θ of about 22°and 32°. This may be due to 
the low diffraction intensity of the superlattice peaks. The grain size of this newly 
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formed phase was about 18 nm, calculated using Williamson-Hall’s equation. Klassen 
et al. [86] ascribed the higher stability of the L12 phase with respect to the disordered 
f.c.c. solid solution to the strong negative atomic pair interaction energy between Ti 
and Al which provides the driving force for the ordering. Therefore, the Gibbs free 
energy of L12-Al3Ti becomes the lowest among the competitive phases. This is why an 
ordered phase can be obtained under the present milling conditions. The stability of 
this phase will be discussed in 4.2.5. 
From Table 4.4 it can also be seen that the highest solubility of Ti in Al is about 
6.7 wt.% which is much higher than the equilibrium solubility of Ti in Al of about 1.3 
wt.% [134]. Mechanical alloying is a non-equilibrium process that can extend the 
solubility between elements and therefore produces supersaturated solid solutions. The 
extended solubility is well accepted to be due to the introduction of a large number of 
defects and therefore to a change of the Gibbs free energy-composition curve. From 
the present study, the upper solubility of Ti in Al is about 6.7 wt. %. However, if XRD 
pattern was used to determine the solubility of Ti in Al, it could be seen from Fig. 4.11 
that after 20 hours of milling all diffraction peaks from Ti had disappeared. A complete 
solid solution of Ti in Al was therefore obtained. Comparing this result with the Ti 
contents calculated, it could be seen that using the XRD peak disappearance method to 
determine solubility is not accurate. The disappearance of Ti Bragg peaks was 
probably the result of extreme broadening of the diffraction peaks that originated from 








Table 4.5. Calculated Ti parameters of as-milled Ti-75Al powder mixtures. 
Milling time  
(hours) 
a0 (Å) c0 (Å) c0/a0 ratio Standard Deviation
0 2.94157 4.66808 1.59693 0.004035 
1 2.94887 4.67391 1.58498 0.002424 
5 2.94319 4.67041 1.58519 0.004825 
10 2.94481 4.66808 1.58519 0.007325 
15 2.93995 4.65183 1.58228 0.005126 




It is interesting to observe that there is no more Ti (Al) solid solution formed in 
the powder mixtures although the limit of solubility of Al in α-Ti can be as high as 45 
%. From the XRD patterns in Fig. 4.11, nearly no peak shift of Ti could be observed. 
The calculated lattice parameters of Ti are shown in Table 4.5 and Fig. 4.13. From the 
table and the figure, it can be seen that before 15 hours of milling the c/a ratio of Ti 
hexagonal structure varies very little. The c and a values changed over a very small 
range. After 15 hours of milling, however, the values of c decreased rapidly while the 
values of a were still kept almost unchanged comparing with the previous stage. 
Therefore, the ratio of c/a decreases to certain extend. This is evidence that Al atoms 
have diffused into Ti, and causing the Ti lattice to shrinkage.  Since Ti peaks 
disappeared after 20 hours of milling, no further value could be obtained from the x-
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ray diffraction patterns. In general, not much Al could be found to be solid 
solutionized in Ti even after 20 hours of milling. This phenomenon might be 




































































Fig. 4.13 Evolution of Ti lattice parameters after different durations of ball milling. 
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4.2.5. Thermal stability of MAed Ti-75Al powders 
 
In order to study the thermal stability of nanostructured powders that will be 
consolidated at high temperature, thermal analyses of the ball-milled powders were 
made using a Reometric™ STA 1500 differential thermal analyzer. From the DTA 
curves, powders with different ball milling times were found to experience different 
thermal changes during the heating up in DTA. The samples could be divided into 
three groups according to the evolution of powder mixing as shown in Figs. 4.5 to 
4.10, and the characteristics of thermal reactions: 
Group 1: samples with 1 and 5 hours of milling  
Group 2: samples with 10, 15 and 20 hours of milling 
Group 3: samples with 30 and 40 hours of milling 
where in group 1 samples, Ti and Al were still in separation, while they are in fine 
lamellar structures in group 2 samples. Complete alloying between Al and Ti was 
observed in group 3 samples. 
 
4.2.5.1. Group 1: samples after 1 and 5 hours of milling 
For group 1 samples, an endothermic and an exothermic peak can be seen in the 
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Fig. 4.14 DTA curves of 5 hours milled powder (group 1) 
 
Table 4.6. DTA results of Group 1 Ti-75Al alloys. 
First Endothermic Peak Second Exothermic Peak 
Milling Time (hrs) 
Temperature ∆H (J/g) Temperature ∆H (J/g) 
1 653°C 175 752°C -531 
5 655°C 65 715°C -173 
Possible Reaction Melting of Aluminum Formation of Al3Ti Compound 
 
 
The first endothermic peak at about 660°C is clearly due to the melting of 
aluminum. From Table 4.6, it can be seen that the melting temperatures of the samples 
milled for 1 and 5 hours are very similar, while the amount of heat absorbed during 
melting is very different. Heat absorbed by the sample milled for 5 hours was 65 J/g, 
 91
which is only 37.2% that of the sample milled for 1 hour (175 J/g). It is generally 
known that the heat required for the melting of certain element is almost constant. The 
small amount of heat absorbed indicates that the percentage of pure Al is less at its 
melting point of 660°C. This can be taken as evidence that the diffusion barrier 
between Al and Ti is lower after a certain time of ball milling. It is assumed that 
heating before 660°C promotes the diffusion process of Al into Ti to form a Ti(Al) 
solid solution. Consequently, the amount of Al involved in the melting is reduced in 
the sample milled for 5 hours. Another possible reason may be that the heating process 
promotes interdiffusion between Al and Ti in the lamellar structure of sample milled 
for 5 hours, as shown in Fig. 4.6. While in the sample milled for only 1 hour, Al and Ti 
are still in separate form as shown in Fig. 4.5, where interdiffusion may not be as 
strong as that in the 5-hour milled sample. 
The second reaction took place at 752°C for the sample milled for 1 hour and 
715°C for that milled for 5 hours. It is evident that the reaction temperature decreased 
after 5 hours of milling. From the XRD and SEM results shown in Figs. 4.15 and 4.16, 
it can be concluded that this exothermic reaction is due to the formation of Al3Ti. 
Compared with the formation energy of –1135.302 J/g [135] for the reaction of 
3Al+Ti→Al3Ti, the heat release in the samples after 1 and 5 hours of milling was 
about one half and one sixth of this value, respectively. From the XRD patterns, it 
could be seen that a certain amount of Al remained un-reacted with Ti. This 
observation has been confirmed by the second-run DTA test as shown in Fig. 4.14, 
where the melting of aluminum could be clearly discerned. The less heat-release 
during the exothermic reaction here might be due to the following reasons: (1) 
incomplete reactions because of the limited reaction time during the DTA run; (2) 
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inhomogeneous of the sample used; and (3) lamellar structure of Al-Ti powders to 
facilitate the reaction. 
Comparing the DTA spectra from the first and second runs, it could be observed 
that the curves nearly coincide during the initial heating before the melting of Al.  This 
is an evidence that the ball-milled powders were not severely deformed so that little 
recovery could be observed during the heating process. It can therefore be deduced that 
very few defects were accumulated during the initial (1 and 5 hours) ball milling 
process and hence, hardly any recovery process could be observed.  
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Fig. 4.15 XRD patterns of group-1 samples after heat treatment at 900°C 
 
 
Fig. 4.16 SEM micrograph of the sample after 1 hour of milling and heat 
treatment at 900°C 
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4.2.5.2. Group 2: samples after 10, 15 and 20 hours of milling 
Further milling resulted in more complicated transformations during the thermal 
treatment. For the samples with 10, 15 and 20 hours of milling, that is: group 2 
samples, four characteristic peaks could be detected during heating up, as shown in 
Fig. 4.17. The thermal analysis results are summarized in Table 4.7 and Fig. 4.18. 
Three of the four reaction peaks are exothermic. The reaction temperatures of the 
peaks denoted by 1, 2 and 4 are almost identical for different ball milling times. It is 
noted that the fourth reaction is a reversible reaction, confirmed by a second DTA test 
run as shown in Fig. 4.19. The nature of this reversible transformation is as yet not 
clear. With the increase in milling time to 20 hours, the first exothermic peak 
disappears gradually, while the peak temperature of the third peak moves towards 
lower temperature. From Table 4.7 and Fig. 4.18, it can be seen that the peak 
maximum temperature of the second reaction decreases from 673°C for the sample 
milled for 10 hours to 605°C for that milled for 20 hour. For the third and the fourth 
reactions, peak temperature has little to do with milling time. 
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Table 4.7 DTA results of Group 2 Ti-75Al alloys. 
Milling Time Peak 1 Temp. Peak 2 Temp. Peak 3 Temp. Peak 4 Temp. 
10 hrs 377°C 468°C 673°C 819°C 
15 hrs 365°C 454°C 637°C 828°C 
20 hrs --- 468°C 605°C 828°C 
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Fig. 4.18. Comparison of reaction temperatures for group 2 samples with 
different milling times 
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Fig. 4.19. DTA traces of sample milled for 15 hours. 
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In order to study the intrinsic nature of the four reactions during heating, the 
sample milled for 10 hours was chosen to be annealed for 1 hour at the characteristic 
temperatures according to Table 4.7. The XRD patterns of these annealed samples are 
shown in Fig. 4.20. The as-milled sample consists of an Al (Ti) f.c.c. solid solution and 
Ti, as shown in Fig. 4.11. The γ-TiAl intermetallic compound was found to form, as 
shown in Fig. 4.20, when the sample was annealed at a low temperature of 400°C. At 
the same time, a certain amount of D023-Al3Ti, residual aluminum, and some unknown 
phases were also found to coexist in the sample. Therefore the first exothermic peak 
may be regarded as the formation reaction of γ-TiAl from as-milled powders: 
Al (Ti) S.S.+ Ti → γ-TiAl + D023-Al3Ti + Unknown Phases + Residual Al 
In 75Al-25Ti alloying system, the formation energy of Al3Ti (-146.935 KJ/mol) 
is more negative than that of γ-TiAl (-74.967 KJ/mol) [135], implying that the 
formation of Al3Ti is more favorable. Besides, the composition in the starting materials 
was 75Al-25Ti, aiming at the formation of Al3Ti. It is therefore interesting to observe 
that γ-TiAl rather than Al3Ti had been formed when the sample was annealed at lower 
temperature. This phenomenon may be due to the compositional inhomogeneity of the 
ball milled powders. When annealed at lower temperature, the elements do not have 
enough energy for long-range diffusions. Hence, γ-TiAl is formed as an intermediate 
product. With the increase in milling time, the compositions in the powders became 
more homogeneous and a much finer lamella composite structure appeared, resulting 
in a much higher interdiffusion rate between the elements. Therefore, the intermediate 
phase γ-TiAl can no longer be seen. This may also be the reason why Peak 1 gradually 
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Fig. 4.20. XRD patterns of Ti-75Al samples milled for 10 hours and 
annealed at different temperatures. 
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The reaction products from the sample annealed at 500°C are very different from 
those annealed at 400°C. Here, a metastable D023-Al3Ti was formed indicating that 
Peak 2 represents a transformation from Al and Ti according to:  
3Al + Ti → D023-Al3Ti. 
From the XRD diffraction patterns shown in Fig. 4.20, residual aluminum peaks 
could hardly be detected. However, the second DTA run displayed in Fig. 4.18 shows 
clearly that there are endothermic peaks at about 660°C for all group 2 samples. These 
results imply that Al has not been entirely consumed after the first DTA run.  
No further structural change could be seen when the annealing temperature was 
increased to 600°C, which is lower than the temperature of Peak 3. However, a stable 
D022-Al3Ti intermetallic compound was formed when the sample was heated at 800°C. 
From the sequence of structural changes, the compound could have been transformed 
from the metastable D023 structure: D023-Al3Ti → D022-Al3Ti. Peak 3 may therefore be 
due to the heat release from this allotropic transformation. Since this reaction peak 
overlaps that of the melting of Al, heat effects reflecting the transformation enthalpy 
could hardly be found.  
There might be another possible reaction for Peak 3: growth of the Al3Ti phase 
after its formation at Al/Ti interface (Peak 2). This will be discussed in Section 4.3.1. 
 
4.2.5.3. Group 3: samples after 30 and 40 hours of milling 
DTA results of group 3 samples (30 and 40 hours of milling) are shown in Table 
4.8 and Fig. 4.21. 
There are only two characteristic exothermic peaks in the DTA curves of these 
samples. The reversible endothermic peak observed in the group 2 alloys as shown in 
Fig. 4.17 could no longer be found. The melting of residual aluminum manifested in 
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Figs. 4.14 and 4.19 can no longer be seen in the second DTA run either. In order to 
study the phase changes at different temperatures, the samples milled for 30 hours 
were annealed at 400, 500, 600, 700, 850 and 900°C. Their XRD patterns are shown in 
Fig. 4.22. The reaction products of the thermal treatments at 500, 600 and 700°C are 
the same, namely, D023-Al3Ti intermetallic compounds. The first exothermic peak in 
Fig. 4.21 is believed to be due to the heat release of transformation: L12-Al3Ti → D023-
Al3Ti. 
Table 4.8. DTA results of Group 3 Ti-75Al alloys. 
Milling Time (hrs) 
First Exothermic Peak 
(°C) 
Second Exothermic Peak 
(°C) 
30 485 817 
40 473 812 
Possible Reaction L12-Al3Ti → D023-Al3Ti D023-Al3Ti → D022-Al3Ti 
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Fig. 4.22. XRD patterns of Ti-75Al samples milled for 30 hours and annealed  




Comparing the phase transformation path with that of group 2 samples, it is 
found that for group 2 alloys, γ-TiAl is an intermediate stage for the formation of 
Al3Ti, while for group 3 alloys transformation took place directly from L12-Al3Ti 
phase.  
A stable D022-Al3Ti was formed after the samples have been annealed at 850 and 
900°C. No melting of residual aluminum can be discerned in the DTA curves, 
implying that all of the aluminum and titanium had been used up to form the 
stoichiometric Al3Ti. It is clear from the corresponding XRD patterns that the second 
exothermic peak in Fig. 4.21 represents the allotropic transformation: D023-Al3Ti → 
D022-Al3Ti. 
Unlike group 2 alloys, the starting temperature of the allotropic transformation in 
group 3 alloys can be clearly defined. The first transformation starts at 485°C and 
473°C for samples milled for 30 and 40 hours, while the second one begins at 817°C 
and 812°C respectively. Comparing these data with those in group 2 samples, it can be 
deduced that the thermal stability of D023-Al3Ti in group 3 alloys is higher than that of 
group 2 alloys. 
 
4.2.5.4. Reaction kinetics 
The activation energies of the two exothermic transformations in sample milled 
for 30 hours were calculated using Kissinger’s equation [114]: 
Ln (Φ/Tp2) = -(Q/RTp) + C 
where Φ is the heating rate in the DTA test, Tp, the DTA peak maximum temperature 
of the corresponding reaction, R, the gas constant and Q is the activation energy of the 
reaction. The activation energy Q can be obtained by plotting Ln (Φ/Tp2) versus 1/Tp. 
The results of sample milled for 30 hours at different heating rates from 5 to 30°C/min. 
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are shown in Fig. 4.23. The activation energy for L12-Al3Ti → D023-Al3Ti 
transformation can be determined as 147 KJ/mol, while that of D023-Al3Ti → D022-
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Figure 4.23. Kissinger plots of allotropic transformations in sample milled for 30 
hours, (a) L12-Al3Ti → D023-Al3Ti peak; (b) D023-Al3Ti → D022-Al3Ti peak. 
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4.2.6. Evolution of grain size during ball milling and subsequent annealing 
 
Nanocrystalline materials are novel materials that are not only scientifically 
interesting but these also hold great potential for varied applications. They are 
polycrystalline materials with grain size of up to about 100 nm in at least one 
dimension. It has been shown that by decreasing the grain size to nanometer levels, 
traditionally soft and ductile metals can be made very hard and strong, and 
conventional ceramics that are brittle can be made to deform plastically like metals. 
The enhanced diffusivity in these materials results in increased solubility and ease in 
synthesis of alloy phases from normally difficult alloyed metals, and also allows the 
sintering of powder compacts at temperatures much lower than those required for 
coarse grained polycrystalline materials.  
Because of the very fine grain size, nanocrystalline materials exhibit a variety of 
properties that are different and often considerably improved in comparison with those 
of conventional coarse-grained polycrystalline materials. These include increased 
strength/hardness, reduced density, reduced elastic modulus, high electrical 
conductivity, increased specific heat, higher thermal expansion coefficient, lower 
thermal conductivity, and superior soft magnetic properties [136]. 
Recent researches [137, 138] showed that reducing the grain size to nanometer 
range may be a possible means to improve the ductility of intermetallics, provided the 
nano-sized grains can be maintained at application temperatures. This is because 
deformation mode by conventional dislocation generation and motion may not happen 
in such small grains; instead, deformation by diffusion controlled mechanism is 
expected [136]. According to reference [139], the calculated volume fraction of grain 
boundaries can reach as high as 30-40% in nanocrystalline materials of grain size in 
 105
the range of 2-3 nm. Such a large fraction of grain boundaries can serve as fast 
diffusion path [140], and a change in deformation mode from slip to that like Coble 
creep may be expected. 
Nanocrystalline materials can be produced by techniques such as mechanical 
alloying, gas condensation, and electrodeposition etc. In this study, nano-sized 
titanium trialuminide powders have been successfully fabricated using mechanical 
alloying. Since nanocrystalline materials possess a large fraction of interfacial regions 
and therefore are in a high-energy non-equilibrium state, grain growth will inevitably 
occur to decrease the interfacial energy and hence the total energy of the system during 
exposure to high temperature when the powders are subsequently consolidated into 
bulk materials of a sizable dimension by HIP or other methods. On the other hand, 
high density of dislocations generated during MA will provide the driving force for 
recrystallization to take place in the MAed materials. This will provide a means of 
grain refinement for the alloy. Therefore, a thorough understanding of the evolution of 
grain size and grain growth and the kinetics of these nanocrystalline materials is of 
great importance. In the present study, the evolution in grain size and lattice strain of 
Ti-75Al powders during MA is investigated. Grain growth and kinetics of the MAed 
Ti-75Al powders at different temperatures are also studied. 
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4.2.6.1. Evolution of grain size during ball milling 
Grain size D of the MAed powders was determined from the broadening of the 
x-ray diffraction profiles using Williamson-Hall’s equation [111]: 
B cosθB =0.9λ/D +2ε sinθB 
where B is the broadening of the profile, θB , the Bragg angle, λ, the wavelength of the 
radiation and ε, the lattice strain factor. D may be determined by extrapolating the 
straight line plot of B cosθB versus sinθB to sinθB=0, while the strain factor ε may be 
obtained from the gradient of the same straight line. 
Isochronal and isothermal annealing were applied to the MAed powders to 
investigate grain growth kinetics. 
The evolution in grain size of Al is listed in Table 4.9 and is graphically shown 
in Fig. 4.24. The variation in grain-size of Al can be divided into four stages. Within 1 
hour of milling, the grain size of Al decreases rapidly from 492 nm to 206 nm. The 
grain size then remains almost unchanged for up to 5 hours of milling as can be seen 
from the plateau shown in Fig. 4.24 (a). Continued milling causes the grain size to be 
reduced to tens of nanometers. Grain size of the sample milled for 10 hours is about 84 
nm, which is much smaller than that for the 5-hour sample of 203 nm. The decrease in 
grain size continues gradually until 20 hours of milling when it becomes stable. 
Further milling results in the formation of L12-Al3Ti intermetallic compound as stated 
in previous section 4.2.4. Grain size of the newly formed phase is of the order of 20 






Table 4.9. Ti-75Al: Grain size and strain data of Al. 
Ball Milling Time (hrs) Grain Size(nm) Strain (%) 
0 492. 0.1 
1 206 0.03 
5 203 0.2 
10 84 2.1 
15 26 1.7 
20 17 0.6 
30 (new phase) 22 0.8 
40 (new phase) 18 0.6 
 
 











































Fig. 4.24. Grain size and lattice strain of Al after different times of milling: (a) Grain 




The lattice strains in the ball-milled Al powders, also listed in Table 4.9 and 
shown in Fig. 4.24 (b), peak at 10 hours of milling. Accumulated in a slow rate before 
10 hours of milling, it reaches as high as 2.1% after 10 hours of milling and slightly 
decreases to 1.7% at 15 hours. Further milling resulted in a fast release of strain in the 
lattice range. It is interesting to note that the highest strain occurred when the grain 
size is reduced sharply to less than 100 nm. With further release in lattice strain, the 
grain size remained essentially unchanged. It is therefore reasonable to relate the grain 
size obtained with the lattice strain accumulated in the material.  
Grain sizes and lattice strains of the Ti powders are calculated and listed in Table 
4.10 and graphically shown in Fig. 4.25.  
 
Table 4.10. Ti-75Al: Grain size and strain data of Ti. 
Ball Milling Time (hrs) Grain Size (nm) Strain (%) 
0 289 0.2 
1 384 0.6 
5 213 0.5 
10 54 1.2 
15 29 0.6 


















































Fig. 4.25. Grain size and lattice strain of Ti after different times of milling: (a) Grain 
size evolution of Ti in MAed powders; and (b) strain evolution in Ti lattice in MAed 
powders 
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Since diffraction peaks of Ti disappear after 20 hours of milling, calculations 
could only be extended to 20 hours. From Table 4.8, it can be observed that the grain 
size of Ti continues to decrease with milling time. For the sample milled for 15 hours 
the rate of reduction in grain size becomes flat after the grain size has reached 29 nm. 
From the calculation shown in section 4.2.4., only 6.7 wt.% of Ti has been solid-
solutionized in Al after 20 hours of milling. This is far away from the theoretical limit 
of 54 wt.%. It can therefore be estimated that the refinement process would continue 
after 20 hours of milling.  
The highest strain level in the Ti lattice was found to be 1.2% and between 10 
and 20 hours of milling. The values of peak lattice strain are lower than those of Al of 
about 2.1%.  
A lower limit for grain size appears to exist for both Al and Ti powders under the 
present ball milling conditions. The dmin (Al) is about 17 nm while dmin (Ti), about 28 
nm as shown in Tables 4.9. and 4.10. It is interesting to note that the grain size of Ti 
with less ductility (hcp structure) was larger than that of very ductile Al (fcc structure). 
It is generally accepted that ductile materials are not easily fractured and hence 
difficult to achieve very small grain size. The intrinsic nature of grain size reduction in 
MA is the continuous fracturing of the milled powders. The continuous fracturing 
results in the breaking of the powder particles and therefore the grain boundaries of the 
materials. Soft powder particles tend to stick together or to the wall of ball-milling 
vials and are not easy to be fractured. Consequently, the refinement process in ductile 
material is usually not as fast as brittle material.  
It has been shown [47] that the minimum grain size, dmin., obtainable is related to 
the structures of the materials. In general, dmin follows the relation: dmin(FCC)< 
dmin(BCC)< dmin(HCP). Another factor to be considered is the existence of minimum 
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inter-spacing L for the dislocation separation in a pile up originated from the 
equilibrium between the repulsive force between dislocations and the external applied 





γπ −=  
where G is the shear modulus; γ, the Poisson ration; b, Burgers vector and Hv, 
hardness of the material. Using the above equation, Lmin (Ti) can be evaluated at about 
30 nm, while Lmin (Al), about 75 nm. Therefore, minimum grain size of relative brittle 
Ti of 28 nm in the present study is very close to its Lmin (Ti) while that of Al of 17 nm 
is much less than Lmin (Al). It is estimated that Lmin can affect brittle materials more 
than ductile materials. 
 
4.2.6.2 Evolution of grain size during thermal treatment 
One crucial aspect of nanocrystalline material is grain growth since the material 
is in a metastable state and has the tendency for grain growth. The desired properties of 
the material are eliminated once the grains have grown to a certain size. It is therefore 
important to study the grain growth phenomenon and its kinetics in nano-sized 
materials.  
Grain size of the Ti-75Al powders ball milled for different time durations after 
annealing at 900°C are shown in Table 4.11 and Fig. 4.26. It can be observed that after 
heating up to 900°C, grain size in almost all the samples remains approximately the 
same irrespective of the initial grain sizes except for samples milled for 15 hours. The 
grains have reached a size as high as 227-265 nm after exposure to 900°C annealing.  
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Table 4.11 Evolution of Ti-75Al grain size at high temperature 
Milling time (hrs) As milled (nm) Annealed at 900°C (nm) 
1 206 260 
5 203 247 
10 84 237 
15 26. 138 
20 17 227 
30 22 265 
40 18 NA 
 
 























Fig. 4.26.  Changes in grain size of Ti-75Al after annealing at 900°C. 
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To investigate grain growth of the ball milled Ti-75Al powders at high 
temperature, samples milled for 10 and 30 hours were annealed at different 
temperatures for 1 hour. The results are shown in Tables 4.12 and 4.13, and Figs. 4. 27 
and 4.28. 
 
Table 4.12. Evolution of grain size of Ti-75Al sample milled for 10 hours after 
exposing to different temperatures for 1 hour.   
Annealing Temp. (°C) Grain size (nm) Standard Deviation (nm) 
Room Temp. 84 6.8 
400 124 15.8 
500 188 26.5 
650 143 14.4 
900 237 77.4 
 
Table 4.13. Evolution of grain size of Ti-75Al sample milled for 30 hours after 
exposing to different temperatures for 1 hour.  
Anneal temp. (°C) Grain size (nm) Standard Deviation (nm) 
Room Temp. 22 3.6 
500 82 15.8 
600 51 22.4 
700 103 18.7 
800 43 12.5 
900 265 27.3 
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Fig. 4.27. Changes of grain size in Ti-75Al samples milled for 10 hours and after 
annealing at different temperatures. 




















Fig. 4.28. Change of grain size in Ti-75Al samples milled for 30 hours and after 
annealing at different temperatures. 
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For the samples milled for 10 hrs, the grain size can be seen to increase rapidly 
over the entire temperature range studied. Comparing with the samples milled for 10 
hours, it is found that grain growth for samples milled for 30 hours occurred very 
slowly at temperatures below 900°C. The grain size after annealing at 800°C for 1 
hour was only 43 nm, well below 100 nm. However, when the heat-treatment 
temperature was increased to 900°C, grains grew at a fast rate and reached as high as 
265 nm eventually. The interesting point here is that the grain sizes treated at 600°C 
and 800°C are clearly smaller than those treated at 500°C and 700°C respectively, 
which contradicts normal reasoning. These phenomena may be due to recrystallization 
during isothermal annealing, which will be discussed section 4.3. in detail later. 
 In order to investigate the kinetics of grain growth, samples MAed for 30 hours 
were isothermally annealed at different temperatures for different times and the results 
are shown in Table 4.14 and Fig. 4.29. 
The evolution of grain size during isothermal heat-treatment can be divided into 
three stages. At the early stage of annealing, grain size increases with time. However, 
prolonged exposure to high temperature results in obvious decrease (refinement) in 





























Table 4.14 Grain sizes (nm) of samples milled for 30 hours after isothermal annealing 
for different times. 
Annealing Temperature (°C) 
400 510 700 
Annealing 
Time (ks) 
L12-Al3Ti Al3Ti Al3Ti Al3Ti 
3.6 (1hr) 24 -- 82 161 
7.2 (2hr) 37 44 126 227 
14.4 (4hr) 31 91 105 170 
21.6 (6hr) 70 138 96 162 
28.8 (8hr) 133 130 71 118 
54  (15hr) -- 90 97 114 




4.3.1. Reaction kinetics of ball-milled 75Al-25Ti powders during dynamic heating 
4.3.1.1. Reaction kinetics in group 1 (after 1 and 5 hours of milling) Ti-75Al 
powders 
In the initial stage (up to 5 hours) of ball milling, as mentioned in section 4.2.5.1 
as group 1 samples, interdiffusion between Al and Ti has not been achieved. Although 
coarser lamellar structures of Al/Ti may have already been established with continuous 
milling for 5 hours, the mechanical energy input to the powders was not sufficient to 
break the thin but stable oxide layers between the lamellas. Oxides are inevitable in the 
as-received powders. Even a thin layer of oxide layer played an important role in 
limiting interdiffusion between Al and Ti. Interdiffusion can only be achieved after the 
oxide layer among the powders is broken. Therefore, it is reasonable to assume that Ti 
and Al powders were still in separate form with negligible interdiffusion after 5 hours 
of milling. 
For group 1 samples, the reaction mechanism during continuous heating can 
therefore be schematically illustrated in Fig. 4.30.  The reactions between Al and Ti 
during dynamic heating can be divided macroscopically into 4 stages: 
 
Stage 1: Before melting of Al: 
No liquid phase was formed at this stage (before 660°C). Since Al and Ti 
powders are separated as mentioned before, only solid diffusion between them can 




Stage 2:  Melting of Al: 
As soon as the powder mixture reached the melting point of Al, liquid phase Al 
appeared. Interdiffusion between Ti and liquid Al may occur at certain direct contact 
areas as shown in Fig. 4.30 (b). Because of the high mobility of liquid Al at this stage, 




















Reaction occurred to 



















Fig. 4.30. Reaction mechanism for samples ball-milled for shorter period of time 
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Stage 3: Reactive solidification 
With the increase in temperature, the interdiffusion in stage 2 continued. Due to 
capillary forces in the system, molten Al could spread rapidly to the surface of Ti and 
covered the Ti powder as illustrated in Figs. 4.30 (c) and 4.31. In these figures, it could 
be seen that Al wet the surface of Ti powder to form a “shell like” structures.  
For the sample milled for 1 hour, Al and Ti powder are still separated as shown 
in Fig. 4.5. But after heating to 700°C, good wetting of Al on Ti powders surface could 
be seen as shown in Fig. 4.31 (a). At this temperature and holding time, big particles of 
un-reacted Ti could still be found. It was interesting to find the reaction product 
between Al and Ti was in a “scallop-like” morphology as shown in Fig. 4.31 (b). Both 
backscatter SEM contrast and EDAX results indicated the above reaction product is a 
single Al3Ti phase. Other intermediate phases could hardly be found under SEM, 
which may be due to the low reaction temperature and short holding time. 
The sample milled for 5 hours and heated at 700°C for 5 minutes showed similar 
morphological characteristics as that milled for 1 hour and experienced the same heat 
treatment, as shown in Figs. 4.31 (c) and (d). However, the amount of un-reacted Ti in 
this sample was obvious less. This is reasonable because after 5 hours of milling 
intimate contact between Al and Ti powders was found as shown in Fig. 4.6. The 
smaller particle size after 5 hours of milling may also contribute to the fast reaction 
between Al and Ti. 
Such reactions are more like a form of reactive isothermal solidification (RIS) 
but with temperature increase. RIS normally occurs in alloying systems containing 
both liquid and solid phase, such as Sn-Cu and Sn-Ni etc., undergoing solidification at 
constant temperature (or increased temperature in the current study) through the 
formation and growth of intermediate phases resulting from mass transportation 
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(diffusion) and chemical reactions [141]. This process can be regarded as reactive 
diffusion in liquid-solid couple. For different reaction systems and conditions, 
intermediate phase can be single phase or a compound mixture depending on the 
kinetic conditions.  
In the present research, DTA was used for the study of RIS. The interaction 
between Al and Ti during dynamic heating in group 1 samples was illustrated in Figs. 
4.32. 
Two elements, namely, Al and Ti which have large difference in melting points, 
are present in the current alloying system. Al melts first after 660°C to form a liquid 
(Al)-solid (Ti) diffusion couple, as show in Fig. 4.32 (a). Diffusion fluxes from Ti to 
Al occur to satisfy the solubility of Ti in liquid Al. Because of the local saturation of Ti 
in Al solution, the intermediate Al3Ti phase, precipitates at the Al/Ti interface. The 
new phase normally extrudes towards Al liquid to form a scallop shape. Large grains 
(with radius of Rlarge) and smaller ones (with radius of Rsmall) usually coexist at the 
initial stage as shown in Fig. 4.32 (b).      
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Fig. 4.31 (a) sample with 1 hour of milling after heating to 700°C for 5 minutes, 
low magnification. 
 
Fig. 4.31 (b) sample with 1 hour of milling after heating to 700°C for 5 minutes, 
high magnification. 
Al3Ti Scallops











Fig. 4.31 (c) sample with 5 hours of milling after heating to 700°C for 5 minutes, 
low magnification. 
 
























Ti (Al) solid solution
Ti







Fig. 4. 32. Phase formation mechanisms in Group 1 samples during thermal treatments 
 
The formation of scallop shaped Al3Ti, shown in Fig. 4.31 (b), may be due to 
grain boundary grooving of liquid Al into solid Ti. After forming a layer of solid Al3Ti 
at liquid Al-solid Ti interface, an equilibrium is needed at the solid-liquid interface as 
shown in Figs. 4.32 and 4.33. The following equation (4.1) need to be satisfied:  
γAl3Ti/Al3Ti = (γAl3Ti-Al-1 + γAl3Ti-Al-2 ) cos θ    (4.1) 
where the first term in equation (4.1) represents the interfacial energy between solid 
Al3Ti phase, the second and third terms represent the interfacial energies between solid 
phase Al3Ti and liquid Al phase, and θ is the angle between two Al3Ti grains. During 
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the reactive solidification, the interfacial energy on the left hand side of (4.1) will be 
larger than that in the right hand side. This results in the so-called grain boundary 
grooving of liquid Al along the Al3Ti boundaries as shown in Fig. 4.33 (b). The tips of 
the grooves will move towards the solid Ti to make it in direct contact with the molten 
























Fig. 4.33. Grain boundary grooving in liquid Al-solid Ti couple 
 
It should be mentioned that the growth of Al3Ti phase is based on two mass 
fluxes of Ti as shown in Fig. 4.32 (b): one from Ti solid to the interfacial areas as 
indicated as Ti flux 1; the second is the Ti flux from the smaller Al3Ti grain to the 
larger one contributing to the ripening of Al3Ti as shown as Ti flux 2. According to the 
so-called Gibbs-Thompson effect, which correlates the solute concentration to the 
curvature of the phase boundary [142, 143], the concentration of Ti in molten Al, CR, 
at the surface of Al3Ti grain of radius R can be described as follow: 
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CR = C0 exp (2γ Ω / RkT)   (4.2) 
where C0 is the equilibrium concentration of Ti in molten Al, γ, the interfacial energy 
per unit area between Al3Ti grain and molten Al, Ω, the molar volume of Al3Ti, R, the 
radius of Al3Ti grain assumed to be spherical, k, the gas constant and T the 
temperature. 
It can be derived from equation (4.2) that a concentration gradient of Ti in liquid 
Al exists between grains with different sizes (or radius) due to the difference in 
curvature. This concentration gradient allows the Ti atoms to move from small grains 
to larger grains. The bigger Al3Ti grain will grow to larger size at the cost of the 
diminishing of the smaller grains. Eventually, larger Al3Ti “scallops” formed as shown 
in Figs. 4.31. 
 Another important feature worth noting is the type of intermediate phases 
formed during reactive solidification. Here it is assumed that all intermediate phase are 
Al3Ti based on two factors: the staring composition is Ti-75Al, and the reactive 
solidification normally tends to consume as much of liquid (Al) phase as possible. 
However, it should be mentioned that other metastable phases could also appear 
depending on the temperature, composition of starting powder mixture, milling time, 
temperature and duration of heat-treatment, and morphology and thickness of Al and 
Ti powders, etc.   
 
Stage 4: Final reaction to form Al3Ti: 
The reactive solidification process is a kinetic controlling process. Upon the 
temperature reached higher level, direct reactions between Al and Ti will be triggered 
to form Al3Ti phase as illustrated in Figs. 4.30 (d) and 4.34. 
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The reaction in this stage is no longer like those in stage 3. It starts at certain 
temperature, about 750°C for sample milled for 1 hour and about 715°C for sample 
milled for 5 hours respectively determined by DTA studies.   
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Fig. 4.34 (a). sample with 1 hour of milling after heating to 800°C, low 
magnification. 
 




Al3Ti matrix (point 1) 
Ti3Al (point #4) 
Al2Ti (point #3) TiAl (point #2) 
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Fig. 4.34 (c). sample with 5 hours of milling after heating to 800°C, low 
magnification 
 








Fig. 4.34 (e) EDAX spectra done at point #1, 2, 3, and 4 as indicted in Fig. 4.34 (b) 
Point 1 Al:Ti=27:73 (atomic) 
Point 2 Al:Ti=59:41 (atomic) 
Point 3 Al:Ti=69:30 (atomic) 
Point 4 Al:Ti=22:78 (atomic) 
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After heating up to 800°C, which is higher than the reaction temperature TR, 
samples both milled for 1 and 5 hours revealed more complicated reactions, as shown 
in Fig. 4.34. For the samples milled for 1 hour, at least 4 reaction products could be 
found as indicated in Fig. 4.34 (b) and (e). The majority of Al and Ti powders were 
converted into Al3Ti. However, some of the Ti was not fully reacted with Al and for 
Al3Ti. Instead, some intermediate phases formed. In the “core” of the previous Ti 
particle, Ti (Al) was formed due to the diffusion of Al into Ti. From “core” outwards, 
Ti3Al, TiAl and Al2Ti phases could also be determined using EDAX as shown in Fig. 
4.34 (e). 
It can be seen that the amounts of heat-release during the exothermic reaction are 
different in the two samples as shown in Table 4.6. It is believed that the morphology 
of the samples may be account for this. In samples with 5 hours of milling time, size of 
the powders is much less than that in samples milled for 1 hour as shown in Figs. 4.5 
and 4.6, or in Table 4.2. Therefore, the amount of Ti reacted during stage 3 could be 
higher in the sample milled for 5 hours than that in sample milled for 1 hour. This was 
confirmed by the SEM observation as indicated in Figs. 4.31 (a) and (c). During the 
massive transformation at temperature higher than TR: Al + Ti → Al3Ti, less material 
was involved and less heat-release could then be detected by DTA in the former 
sample.   
It should be mentioned that not all of the Al and Ti had been consumed during 
this reaction according to DTA curves indicated in Fig. 4.14. It was confirmed by SEM 
observations as shown in Figs. 4.34 (a) to (d). This might be the consequence of 




4.3.1.2. Reaction kinetics in group 2 (after 10, 15 and 20 hours of milling) Ti-75Al 
powders 
As described in section 4.2.3, lamellar structure of Al/Ti/Ai was formed after 10 
hours of milling. The thickness of Al and Ti layer was reduced from a few microns 
after 1 hour of milling to tens of nano meters after 20 hours of milling as shown in 
Table 4.2. The group 2 samples defined in section 4.2.5.2, which experienced 10, 15 
and 20 hours of milling, contained lamellar structure with layer thickness of tens to a 
few hundreds nano meters. This group of samples could therefore be regarded as 
multi-layer thin film stacks of Al and Ti as shown in Fig. 4.35.  
With the continuous decrease in lamella spacing to tens or a few hundreds nm, 
the interdiffusion between layers greatly accelerated. Taking into account the high 
density of defects after severe deformation of the powders, this process was even 
faster. The reactions occurred during the continuous heating could therefore be 
different if the multilayer period of Al and Ti in the sample was different, as the cases 
in Group 2 samples. The thermal analysis results of this group of samples were given 
in section 4.2.5.2. Several types of reactions could be seen in the DTA curves as 
shown in Fig. 4.17. The Peaks 2 and 3 are correlated to the formation, transformation, 
or growth of Al3Ti phase from Al/Ti thin film stacks. This could possibly be divided 
into the nucleation, and growth stages. 
For the early stage reactions of Al/Ti thin film layers during heating, the phase 
selection is not dominant by the equilibrium thermodynamics of the alloying system 
during thermal treatment [144]. The phase formed in the early stage of reaction is 
normally controlled by the kinetics of reaction rather than the thermodynamic, which 
often results in a distinguish phase selection process and leads to a single phase 
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formation [145]. It was believed that this single phase may be a phase in the phase 

































 There are two possible mechanisms for phase selection: (1) different nucleation 
rate due to the different nucleation barriers which supports the formation of the phase 
with the highest nucleation rate [146]; (2) the phase with the fastest growth rate is 
normally favored during phase selection [147]. According to the researches by Wohlert 
et al [144], the rate of phase growth is the dominant factor in phase selection in Al-Ti 
system during the early stage of reaction, and Al3Ti is the only phase can be formed 
between Al/Ti thin film multilayers prepared by sputtering. This is consistent with the 
results obtained in present study using mechanical alloying technique. 
Formation of solid solutions by interdiffusion is favored in the early stage of ball 
milling as shown in Fig. 4.35 (b) because nucleation is not required in this situation. 
With the continuous inputting of thermal energy during dynamic heating, Al3Ti phase 
nucleated at the Al/Ti interfaces as shown in Fig. 4.35 (c). As mentioned before, this 
may be mainly due to the growth rate of this phase being fastest among other 
competitors.  
The Al3Ti phase grows both vertically and laterally afterwards as indicated in 
Figs. 35 (d) to (f). But this process is depended on the period of the multilayers. It 
needs to stress here that unlike the thin film multilayers prepared by sputtering where 
the film thickness is nearly identical, results from the present study show that the 
lamellar spacing λ is changing with milling time, and is not uniform even in the 
sample milled for the same time. For samples milled for 20 hours, the spacing λ is as 
small as 40 to 100 nm. Therefore, the exothermic peak representing growth of Al3Ti is 
not obvious during DTA scan as shown in Fig. 4.17. However, for samples milled for 
10 and 15 hours, since the lamellar spacing is larger, the DTA peak for the growth of 
Al3Ti phase is more distinct.   
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It was interesting to note that the phase transformation in the heat-treated Group 
2 samples was very similar to that of the sample during ball milling. Thin film 
multilayers of Al/Ti formed during ball milling process. A solid solution type phase 
appeared afterwards, and can also be explained by Fig. 4.35 (b). With the increase in 
milling time the Al3Ti phase nucleated at the interface, and grew gradually. The whole 
thin film multilayers were converted into Al3Ti phase after enough time of milling (30 
hours of milling in the current study). The reactions in the ball milling process were 
mechanically driven, while the reactions in Group 2 samples during heat-treatment 
were thermally activated. The phase evolution in both cases was similar. This implied 
that the reactions in Ti-75Al powders mixture system during ball milling were similar 
to those in the Ti-75Al thin film multilayer system during heat-treatment.  
Fig. 4.36 showed the cross-sectional microstructures of samples milled for 10 
hours and annealed at different temperatures. It was observed from Figs. 4.36 (a) to (d) 
that heating to 400 and 500°C brought no significant microstructural changes. This 
could be due to the fact that the transformation at this stage only occurred in the areas 
with compositional in-homogeneity. The changes were hence not easy to be caught.  
While after heating to 700 and 800°C, the lamellar structure obtained after ball 
milling could no longer be seen as shown in Fig3 4.36 (e) to (g). Instead, a single 
phase microstructure appeared. To our surprise, voids could be observed after the 
reaction as indicated in Figs. 4.36 (e) to (g). It was clear that these voids were in the 
place of previous lamellar structure. It was suspected that the voids found in this study 
maybe Kirkendale voids, which originated from the asymmetric diffusion of Ti and Al 
during solid state reactions.  This implied that the porosity in group 2 samples may be 





Fig. 4.36 10-hour milled sample after thermal treatments at 400°C for 5 min, (a) low 








Fig. 4.36 10-hour milled sample after thermal treatments at 500°C for 5 min, (c) low 






Fig. 4.36 10-hour milled sample after thermal treatments at 700°C for 5 min, (e) low 














4.3.1.3. Reaction kinetics in group 3 (after 30 and 40 hour of milling) Ti-75Al 
powders 
After 30 hours of milling, the Ti-75Al powder mixtures are completely changed 
to a metastable L12-Al3Ti phase. The phase transformation in this group of samples is 
simpler than those in group 1 and group 2. No structural development could be 
observed during continuous milling until 40 hours. Allotropic transformations were the 
only changes found in this group of samples during dynamic heating.    
 
4.3.2. Mechanisms of grain growth prohibition in ball-milled 75Al-25Ti powders  
The decrease in grain size is usually associated with recrystallization or 
formation of a new phase. To investigate the nature of this result, the reaction kinetics 
was investigated.  Results of thermal analysis of the sample milled for 30 hrs are 
shown in Fig. 4.37. As shown in section 4.2.5, peak 1 is due to the allotropic 
transformation from L12-Al3Ti to D023-Al3Ti, while peak 2, D023-Al3Ti to D022-Al3Ti. 
These two reactions are kinetic restrained reactions with activation energy of 147 and 
243 kJ/mol respectively. For such reaction, Arrhenius equation is satisfied: 
K=K0 exp (Q/RT), while dX/dt =K (1-X) n    (4-3) 
where X is the percentage of phase already transformed, and t is the duration of 
annealing. Since allotropic transformation is a first order reaction, n=1. X can therefore 
be expressed as: X= 1-exp (-1/Kt). Using equations (4-3), transformation kinetics as a 
function of annealing time and temperature are plotted in Figs.38 (a) and (b). The three 
annealing temperatures chosen for the present study were T1 (510°C)~Tmax of peak 1, 























It can be seen that at 400°C, transformation from L12 to D023 ended at about 7 
hours of annealing (Fig. 4.38 (a)) which coincides with the time when the grain size 
reaches the peak value as shown in Fig. 4.29. The allotropic transformation did not 
induce a decrease in the size of the grain, indicating that the newly formed grains were 
relatively larger in dimensions. The allotropic transformation in Al3Ti can be achieved 
by influencing the anti-phase boundary (APB) energy on the cubic planes. For 
example, the tetragonal D022 structure can be obtained from the cubic L12 structure by 
displacing every other (001) plane by a vector of ½ [110] [11]. In addition, no finer 
grain size can be observed during the transformation process, which implies that no 
new nuclei were observed during the transition. It can therefore be hypothesized that 
the allotropic transformation occurred without a nucleation process but directly from 
the original L12 lattice. The same conclusion can also be made for samples annealed at 
700°C. From Fig. 4.38 (b) it can be seen that after 2 hours of annealing, D023-Al3Ti to 
D022-Al3Ti transition was 80% completed at 700°C, while grain growth occurs in a 
normal way as shown in Fig. 4.29. If the allotropic reaction had been nucleation 
controlled, smaller new phase grains should be observed before 2 hours of annealing. 
As no such phenomenon can be found in the present study, it can be concluded that the 
two allotropic reactions themselves had little effects on the grain refinement of Al3Ti. 
It was observed that the grain size of Al3Ti annealed at various temperatures 
generally increased initially reaching a maximum before it decreased gradually. 
However, it should be noted that peak grain size was attained after 6 hours of 
annealing at 400°C, while only 2 hours at 510 and 700°C. 
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Fig. 4.38 (a) Phase 1 conversion diagram 
 




























Fig. 4.38 (b) Phase 2 conversion diagram. 
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The decreasing trend in grain size in the Al3Ti system may be attributed to the 
recrystallization process during annealing. In general, this is a process to decrease the 
internal energy in the heavily deformed materials to eliminate high-density 
dislocations and to nucleate new strain-free grains. The mechanically alloyed powders 
in the present study could be considered as heavily deformed metals since the 
relatively ductile Al and Ti were subjected to severe plastic deformation due to 
continuous impacting and shearing forces during ball milling. The milled powders 
therefore inevitably experience recovery and recrystallization processes during 
subsequent thermal annealing. The driving force for these two processes is the 
increased Gibbs free energy in the system: ∆G=∆E-T∆S. Since ball milling is 
essentially a room temperature process, ∆S during the process is negligible in 
comparison with ∆E. Consequently the increased internal energy ∆E becomes the 
driving force for recovery and recrystallization. ∆E usually originates from the 
introduction of high density of dislocations during the milling process.  
The density of dislocations in the deformed materials can be roughly estimated 
using the following equation [12]: 
ρ = ε /(L*b)      (4-4) 
where ρ is the density of dislocation with Burgers Vector b which can be obtained 
from the lattice parameter and slip system data of the material, ε is the strain 
accumulated during ball milling, and L, the average moving distance of the 
dislocations. Since the crystalline size here is very small after long period of milling, it 
can be assumed that this size is equal to L. 
The average lattice strain of L12-Al3Ti shown in Table 4.9 is about 0.8%, which 
is very close to that obtained by Kawanishi et al. [13] in intermetallic compound 
niobium aluminides, and the crystalline size, about 22 nm. Using these data, it can be 
 146
estimated that the dislocation density in the sample milled for 30 hours is about 8*1016 
/ m2. The increased dislocation density might be due to the continuous trapping of 
newly formed mobile dislocations by the existing dislocations and their incorporation 
into different microstructural features such as low angle grain boundaries which form 
the walls of the subgrains. In addition, using the model proposed by Suryanarayana et 
al. [6], it can be estimated that the volume percentage of grain boundaries in the alloy 
with a grain size of 22 nm can reach as high as 15%.  Both the high density of 
dislocation and the large amount of grain boundaries can provide the driving force for 
the recrystallization process as observed in the present study. 
 It was found that the recrystallization in the present study has a clearly identified 
incubation period. The duration of this period was governed by both the annealing 
temperature and the ordered structure.  At 400°C, the incubation period was as long as 
6 hours; with the increase in treating temperature, it was shortened to about 2 hours at 
510°C and 700°C (Figs. 4.38 (a) and (b)). The incubation period observed during 
isothermal annealing refers to the average time required for a series of thermally 
activated fluctuations to form a strain-free region equal to, or larger than the critical 
size for stability. It was estimated from the present study that the nuclei in the 
recrystallization process have not been formed in the strict thermodynamic sense, but 
are caused by a strain induced grain boundary migration (SIBM). Since nucleation is a 
kinetic restraining process, higher temperature will facilitate the mobility of dislocation 
and promote the formation of nuclei. The increase in treatment temperature will 
therefore shorten the incubation period. 
As shown in Table 4.14, the incubation periods at 510°C and 700°C are the 
same, both about 2 hours. This implies that the nucleation process at a relatively high 
temperature of 700°C was nearly the same as that at 510°C. It may also be concluded 
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that the onset of recrystallization at 700°C has been retarded. If the atomic order is 
considered, it can be found that the degree of order in the alloy has increased after the 
transformation from L12-Al3Ti to D023-Al3Ti at 510°C or the transition from D023-
Al3Ti to D022-Al3Ti at about 817°C. The degree of order in an alloy can influence the 
mobility of the grain boundary, which in turn will affect both the nucleation rate and 
grain growth itself.  Although the second reaction temperature at 817°C was not 
attained in the present isothermal treatment, the kinetic study shown in Fig. 4.38 does 
show that after 2 hours of annealing, 80% of the original phase has been transformed 
to D022-Al3Ti which possesses the higher degree of order. This higher degree of order 
arrangement of the atoms in the alloy was assumed to be the main reason for the 
retardation of the recrystallization process.  
Two main factors tend to influence the onset of recrystallization in the present 
Al3Ti system, namely, heat-treatment temperature and the degree of order of the alloy. 
It can be found from Fig. 4.38 that D023-Al3Ti is the only phase for both the 500 and 
600°C treated samples. Under this circumstance, temperature is therefore the only 
factor that governs the recrystallization process. Higher temperature will accelerate the 
recrystallization process and reduce the incubation period, that is, recrystallization and 
decrease in grain size occur earlier at 600°C. Consequently, in comparison with the 
normal grain growth at 500°C, the recrystallized sample at 600°C would exhibit 
smaller grain size. This also explains why the grain size in sample treated at 800°C for 
1 hr is smaller than that treated at 700°C for 1 hr. 
It is interesting to observe the difference between the present nanocrystalline 
Al3Ti system and that obtained from traditional recrystallization process with grain 
size of tens of microns.  The original grain size of L12-Al3Ti of about 22 nm is close to 
that of the nuclei of recrystallization. The critical size of the nucleus, R, is governed by 
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the interfacial energy γb and the strain energy Ev: R > 2 γb / Ev. From the calculations of 
Burke and Turnbull [14], it can be estimated that the minimum nucleus size is within 3 
to 50 nm, implying that after the formation of the nucleus, the growth of it is limited 
by the original grain boundaries. In addition, since the volume fraction of grain 
boundaries in the present alloy can reach as high as 15 %, the preferred nucleation site 
is much more than that for the conventional materials and a higher nucleation rate may 




4.4. Conclusions  
 
(1) A supersaturated solid solution of Al (Ti) and Ti was obtained in the samples 
ball milled for less than 20 hours. The upper limit of solid solubility of Ti in Al 
in the present study was 6.7 wt.%. Further ball milling resulted in the formation 
of a L12-Al3Ti phase with a lattice parameter of 3.983 Å.  
(2) During subsequent heat treatment, the formation of different phases was 
dependent on the duration of milling. A stable D022-Al3Ti was formed upon 
heating to high temperature for Group 1 samples (1 and 5 hours of milling). 
While in Group 3 samples (30 and 40 hours of milling), the L12-Al3Ti phase 
formed during ball milling was transformed into D023-Al3Ti at lower temperature 
and then to a more stable D022-Al3Ti at higher temperature. Changes in the 
Group 2 samples (10, 15 and 20 hours of milling) are the most complicated. γ-
TiAl was formed at lower temperature as an intermediate phase. Upon further 
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heating, a reaction between Al and γ-TiAl occurred to form D023-Al3Ti, which 
further transformed to the more stable D022-Al3Ti phase.  
(3) Comparing the allotropic transformation of D023-Al3Ti → D022-Al3Ti in Group 2 
and Group 3 samples, the stability of D023-Al3Ti in Group 3 was higher since the 
transformation temperature in Group 3 is above 800°C while that for Group 2 is 
lower than 700°C. The activation energy for the L12-Al3Ti → D023-Al3Ti 
transformation was 147 KJ/mol, while that for D023-Al3Ti → D022-Al3Ti, 243 
KJ/mol, in samples milled for 30 hours. 
(4) A minimum grain size of 17 nm for Al and 28 nm for Ti was obtained after 
certain duration of ball milling. The lower limit of grain size in the metals 
appeared to be originated from the limitation of dislocation separation in a pile 
up. The L12-Al3Ti obtained possessed a grain size of about 22 nm. 
(5) A decrease in grain size was observed in the samples that had undergone 
isothermal treatment. The present experimental results indicated that the 
decrease in grain size was attributed to the recrystallization of the severely cold 
worked MAed powders during annealing. 
(6) It was found in the present study that the annealing temperature and degree of 
order of the alloy are the main factors that control the incubation period of the 
recrystallization process. However, the allotropic reaction itself in the 
recrystallization temperature range had little effect on the recrystallization 
process. 
(7) The size of the recrystallization nucleus was in the same order of magnitude as 
that of MAed L12-Al3Ti. This together with the high dislocation density 
(8*1016/m2) and high volume percentage of grain boundaries (15%) were the 
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reasons for the large refinement effect during the recrystallization of 
nanocrystalline materials. 
(8) Proper control of the recrystallization process was found to provide an effective 
means to maintain the nanocrystalline microstructure in the MAed materials 




















Titanium aluminide alloys base on gamma TiAl have an excellent potential to 
become one of the most important aerospace structural materials due to their low 
density (3.7-3.9 g/cm3), high melting point, good elevated-temperature strength and 
modulus retention, high resistance to oxidation and hydrogen absorption, and excellent 
creep properties[87, 148, 149]. Comparing with Ni-base superalloys, which are now 
widely used in the industry, TiAl exhibits similar modulus, oxidation and creep 
resistance as shown in Table 5.1[150]. However, the density of TiAl is only half that of 
Ni-base superalloys. Therefore, TiAl offers opportunity for substantial weight 
reductions in airframe weight and increases thrust/weight ratios of gas turbine engines. 
Existence of TiAl phase in Ti-Al alloy system was first reported in 1952 by P. 
Duwez and co-workers at California Institute of Technology. TiAl is known to have 
L10 tetragonal structure (prototype CuAu) which remains ordered up to its melting 
point of about 1450°C, as shown in Fig. 4.1. The structure of γ-TiAl is shown in the 
Fig. 5.1. The strong A-B (unlike atoms) bonding of its ordered structure gives TiAl a 
high resistance to deformation and a high melting point. The high melting point in 
combination with the difficulty of movement of lattice defects lead to high strength 
and retention of strength at elevated temperature [150]. 
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Properties Ti-Base Ti3Al-Base TiAl-Base Superalloys 
Structure HCP / BCC D019 L10 FCC / L12 
Density (g/cm3) 4.5 4.1-4.7 3.7-3.9 7.9-8.5 
Modulus (GPa) 95-115 110-145 160-180 206 
Yield Strength 
(MPa) 
380-1150 700-990 350-600 800-1200 
Tensile Strength 
(MPa) 
480-1200 800-1140 440-700 1250-1450 
Room-Temp. 
Ductility (%) 
10-25 2-10 1-4 3-25 
High-Temp. 
Ductility (%) 





12-50 13-30 12-35 30-100 
Creep Limit (°C) 600 750 750*-950† 800-1090 
Oxidation (°C) 600 650 800‡-950§ 870‡-1090§ 
 
* Duplex microstructures.  † Fully-lamellar microstructures.   




However, the localized atomic bonding and associated ordering cause brittleness 
and low fracture toughness of TiAl at room temperature along with poor formability. 
These shortcomings appear to be the most serious obstacles to its industrial 
applications. Therefore, majority of the research works in γ-TiAl have been 




Fig. 5.1 Lattice structure of L10-γ-TiAl  
 
 
The ductility of γ-TiAl alloys is a strong function of alloy composition and 
microstructures, such as lattice dimension (c/a ratio and unit cell volume), impurity 
level, activities of dislocations and twins, and lamellar structure [117]. It has been 
proposed that ductility improvement can be caused by a decrease in lattice 
tetragonality (c/a ratio), a decrease in impurity level, the presence of twins and lamellar 
microstructure, and a decrease in grain size. 
Up to now, many efforts have been made to achieve the above goals. These 
efforts may be divided into two categories. The first one is by means of traditional 
metallurgical methods such as alloying additions, grain refinement, innovative heat 
treatments to change the distribution, and morphology and proportion of the 
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constituent phases [69]. Although a certain extend of success had been achieved using 
the above methods, efforts are still devoted to the search of more efficient techniques. 
The second category is by ways of far-from-equilibrium or non-equilibrium 
processing/synthesis techniques. These techniques include rapid solidification from the 
liquid state, surface modification by lasers, ion implantation and ion-beam mixing, 
physical vapour deposition, chemical vapour deposition, electro-deposition, and 
mechanical alloying. The central underlying theme in all these techniques is to raise 
the material to a higher free energy (metastable) state and to “quench” to a low 
temperature to retain the metastable phase(s). These kinds of metastable materials can 
then be used as a precursor to obtain the desired chemical constitution and/or 
microstructure. It has been shown that the materials processed in this way can improve 
physical and mechanical characteristics in comparison with conventional ingot 
(solidification) processed materials.  
Although the process of MA was initially used to produce ODS alloys, it has 
been recognized recently that MA of suitable alloy compositions can result in the 
formation of a variety of metastable phases such as supersaturated solid solutions, 
crystalline intermediate phases, and amorphous alloys. In this investigation, MA is 
employed to improve the room temperature mechanical properties of γ-TiAl. The main 
purpose of introducing MA into the fabrication of γ-TiAl is to obtain amorphous state 
precursor or a disordered face-centered-cubic (f.c.c.) structure. The L10 structured TiAl 
approaches f.c.c. structure if it becomes disordered, and thereby, increases the 
symmetry of the structure and improves ductility by reducing planar fault energies. 
This may be a promising way to improve the mechanical properties of this 
intermetallic compound. 
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In addition, alloying elements like Nb and Mn have been used to modify the 
crystal structure to a more symmetric cubic lattice (disordered Al-fcc structure) which 
is expected to restore the slipping system of the fcc structure and therefore increase the 
ductility. Besides, the addition of these elements may introduce a γ-TiAl plus α2-Ti3Al 
two-phase microstructure to increase the ductility or to improve the thermal stability of 
titanium aluminide. Table 5.2 lists the comparison of the most common phases in Ti-
Al alloy system. 
 
 
Table 5.2. The most common phases in Ti-Al system. 
 
Lattice Parameter ( Å ) 
Alloy Type Density (g/cm3) Structure 
a value   c value 
TiAl3 ~3.3 D022 5.430 8.590 
TiAl 3.7-3.9 L10 4.005 4.070 
Ti3Al 4.1-4.7 D019 5.782 4.629 
 
The primary interest of this research is to investigate the phase transformation of 
Ti-Al and Ti-Al-Mn-Nb elemental powders during both ball milling and subsequent 
thermal treatment. The thermal stability of grain growth of nano-sized ball milled 
powders in both systems is also studied. 
 
5.2 Experimental results 
5.2.1  Contaminations during ball milling 
The C, H and N contents of the MAed powders were measured by a Combustion 

















1 1.63 0.00 0.05 
2.5 1.90 0.00 0.05 
5 0.51 0.00 0.66 
7.5 1.42 0.00 0.09 
10 0.83 0.09 0.66 
15 0.84 0.04 1.48 
Ti-58 Al 
22 0.99 0.30 0.07 
1 0.97 0.00 0.01 
5 0.72 0.00 0.01 
7.5 0.96 0.00 0.11 
10 0.90 0.00 0.06 
15 1.11 0.00 0.00 
Ti-48Al-2Mn-2Nb 
20 3.93 0.00 0.32 
 
 
Small amount of carbon, hydrogen, and nitrogen could be found in the milled 
powder. These contaminations could have originated from both process control agent 
(PCA) and atmosphere. Contamination from atmosphere was inevitable under current 
research conditions. Although no oxygen content could be detected due to limitation of 
the present equipment, it was reasonable to deduce that there still exists certain 
percentage of O2 because it could have been derived both from PCA and atmosphere. 
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5.2.2  Morphology and particle size of ball-milled Ti-58Al powders 
 
The morphologies of Ti-58Al powders after different durations of ball milling are 
shown in Fig. 5.2.  
 
 
Fig. 5.2 (a) Elemental Ti-58Al powders before milling. 
 














Fig. 5.2 (e) Ti-58Al powders after 30 h of milling. 
 
 






It can be seen from Fig. 5.2 that the Ti-58Al powder evolved faster than that of 
Ti-75Al system as shown in Chapter 4. Fig.5.2 (a) is the morphology of the as-received 
Ti+Al powder. The particles are round and smooth. After 1 h of milling, the ductile 
particles were compressed into relatively large and flat flakes due to plastic 
deformation caused by collisions between the steel balls or between the balls and the 
vial (Fig. 5.2(b)).  Effect of cold welding was dominant at this stage, resulting in 
particle size that could be larger than those of the original Ti and Al particles.  The 
pan-cake like morphology of the powders disappeared after 5 hours of milling. After 5 
this, the shape of the particles became irregular with rough surfaces and sizes became 
smaller due to the continuous fracturing of the powder particles. Agglomeration of the 
refined powders could be observed in Figs. 5.2 (d) to (f). The size of the powder 
particle changed slightly after 20 hours of milling until 50 hours.  
 
5.2.3   Microstructures of ball-milled Ti-58Al and Ti-Al-2Mn-2Nb powders  
5.2.3.1 Ti-58Al powder mixtures 
With the increase in milling duration, lamellar structure can be seen in the 
powder blends as shown in Figs. 5.3 (a) to (f). 
In the initial stage of milling when only deformation occurred in the powder 
mixtures as shown in Fig. 5.2 (b) after 1 h of milling, no lamella microstructure could 
be discerned, Fig. 5.3 (a). Ti and Al particles were separated. When milling duration 
was increased to 5 hours, significant lamellar structure appeared. However, the 
lamellar spacing was still large at this stage, in the range of a few microns to tens of 
microns as shown in Figs. 5.3 (b) and(c). Homogeneity of the powder mixture had not 





Fig. 5.3 (a) SEM micrograph of cross-section of Ti-58Al powder mixture after 1 
h of milling. 
 
 
Fig. 5.3 (b) SEM micrograph of cross-section of Ti-58Al powder mixture after 5 




Fig. 5.3 (c) SEM micrograph of cross-section of Ti-58Al powder mixture after 5 
h of milling, at high magnification. 
 
Fig. 5.3 (d) SEM micrograph of cross-section of Ti-58Al powder mixture after 




Fig. 5.3 (e) SEM micrograph of cross-section of Ti-58Al powder mixture after 
7.5 h of milling, at high magnification. 
 
 
Fig. 5.3 (f) SEM micrograph of cross-section of Ti-58Al powder mixture after 15 





Particle refinement can be seen clearly after 7.5 hours of milling as shown in Fig. 
5.3 (d). In the mean time, the lamellar structure in each powder particle became more 
homogeneous and its spacing decreased, even though coarser lamella could still be 
found. 
No lamellar structure could be observed after 15 hours of milling as indicated in 
Fig. 5.3 (f). The microstructure of the powder was homogeneous at this stage. Only 
very small amount of remaining Ti with very fine thickness could be found. 
 
5.2.3.2 Ti-Al-2Mn-2Nb powder mixtures 
In the Ti-Al-2Mn-2Nb quaternary system, the evolution process of the 
microstructure during ball milling was found similar to that in the Ti-58Al system, as 
shown in Figs. 5.4 (a) to (h). However, the refinement of lamellar structure in this 
alloying system was faster than that of Ti-58Al system. Fig. 5.4 (c) shows that the 
lamellar spacing in this system reduced to about hundreds of nanometers after only 5 
hours of milling. With increase in milling time, the spacing was refined further, which 
may be due to the presence of hard Mn and Nb particles in the powder mixtures. These 
hard and dispersive particles could act as sites for fracturing of relatively soft Ti during 
continuous milling. It need to be mentioned that the Mn and Nb, especially Mn, were 
more difficult to be fractured and refined during the ball milling process, as shown in 
Figs. 5.4 (b) to (h). There still existed some small amount of Mn in particulate 





Fig. 5.4 (a) SEM micrograph of cross-section of Ti-Al-2Mn-2Nb powder mixture 
after 1 h of milling. 
 
Fig. 5.4 (b) SEM micrograph of cross-section of Ti-Al-2Mn-2Nb powder mixture 





Fig. 5.4 (c) SEM micrograph of cross-section of Ti-Al-2Mn-2Nb powder mixture 
after 5 h of milling, at high magnification. 
 
Fig. 5.4 (d) SEM micrograph of cross-section of Ti-Al-2Mn-2Nb powder mixture 





Fig. 5.4 (e) SEM micrograph of cross-section of Ti-Al-2Mn-2Nb powder mixture 
after 10 h of milling, at high magnification. 
 
Fig. 5.4 (f) SEM micrograph of cross-section of Ti-Al-2Mn-2Nb powder mixture 





Fig. 5.4 (g) SEM micrograph of cross-section of Ti-Al-2Mn-2Nb powder mixture 
after 30 h of milling, at low magnification. 
 
Fig. 5.4 (h) SEM micrograph of cross-section of Ti-Al-2Mn-2Nb powder mixture 
after 30 h of milling, at high magnification. 
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5.2.4  Structural evolution of Ti-58Al and Ti-Al-2Mn-2Nb powder mixtures 
during ball milling 
5.2.4.1 Ti-58Al alloying system 
The diffraction patterns of binary Ti-58Al powder mixtures after different 
durations of ball milling are shown in Fig. 5.5. Before milling (0 h), all the expected 
diffraction peaks from elemental Ti and Al were presented. Since the strongest Al 
(111) peak overlapped with Ti (002) peak, the intensity ratio of Al (200) to the 
strongest Ti (101), IAl(200)/Ti(101), was used to monitor the diffusion process of elemental 
Al and Ti. The intensity ratio was almost unchanged up to 2.5hr of milling. 
With the increase in milling time, however, the intensity of both the Al (111) 
peak and IAl(200)/Ti(101) dropped sharply and Ti(101) became the strongest peak in the 
pattern. This suggests that diffusion of Al into the Ti lattice has occurred. Although the 
upper solution limit of Al in α-Ti could be as high as 45-48 at. %, very little shift in Ti 
diffraction peaks could be seen in the pattern before 10 hrs of milling. The peak shift is 
usually taken as a lattice parameter change measurement, in other words, a measure of 
solubility. The little peak shift of Ti therefore implied that a very small amount of Al 
atoms was solid solutionized in α-Ti. Before 10 hours of milling, the milling product 
was a mixture of pure Al and h.c.p. Ti (Al) solid solution. 
In the meantime, both Ti and Al peaks have broadened to some extend as a result 
of the decrease in crystalline size and the accumulation of lattice strain. However, all 
the major Al and Ti diffraction peaks could still be clearly identified in sample ball 
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Fig 5.5 XRD spectra of Ti-58Al powder mixtures ball milled for different durations. 
 
When milling time was increased further, some changes could be seen 
manifested in the diffraction pattern. Firstly, the intensity of Al (111) peak surpassed 
that of Ti (101) peak. The former became the strongest peak in the pattern. This is the 
reversed trend of that happened before 10 hours of milling. Secondly, the positions of 
the Al peaks were shifted significantly to the direction of higher angle. Thirdly, the Ti 
diffraction peaks disappeared eventually after 15 hours of milling. At this stage, 
although the diffraction peaks were broadened, they could still be distinguished as 
from crystalline material. This implied that after 15 hours of milling the Ti-Al powder 
mixture was not able to be amorphized, or even if amorphization did happen, the 
amount of amorphous phase may be very small. TEM observation, shown in Fig. 5.6, 
also confirmed the existence of crystalline phase in the ball milled Ti-58Al powders 
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instead of amorphous phase. In this TEM observation, the diffraction spots from the 
same crystalline plane nearly form a continuous diffraction ring due to refinement of 
grain size. However, the broad diffusive diffraction ring from amorphous phase could 




Fig. 5.6 TEM diffraction pattern of Ti-58Al sample after 20 hours of milling, 
showing diffraction from crystalline phases in the sample. 
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The calculated lattice parameters of Al and Ti are listed in Table 5.4, and 
illustrated in Fig. 5.7. 
 
Table 5.4 Ti-58Al Al lattice parameter and amount of Ti dissolved in Al 
Milling time (hrs) Lattice Parameter  a (Å) ∆ a value (Å) Ti in Al (wt%) 
0 4.0494 0 0 
1 4.0473 -0.0021 0.3889 
2.5 4.0484 -0.0010 0.1851 
5 4.0447 -0.0047 0.8703 
7.5 4.0481 -0.0013 0.2407 




















































Fig. 5.7 Variation of Al lattice parameter in Ti-58Al as-milled samples. 
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It is surprising that the lattice parameters of Al in ball milled Ti-58Al samples 
changed very little even after 8.5 hours of milling. This result was similar to that of Ti-
75Al system. Since the pure aluminum peaks could not be clearly distinguished, no 
further calculation of Al lattice parameter was carried out in this experiment. 
Further milling of this powder mixture up to 22 hours made no difference to the 
diffraction pattern, suggesting that no structural change happened after 15 hours of 
milling.  
The XRD diffraction pattern at this stage appears to manifest a f.c.c. structure, as 
shown in Fig. 5.5. It had been shown that Ti could dissolve into Al lattice as shown in 
Ti-Al phase diagram in Fig. 4.1. However, thermal analysis results excluded this 
possibility. DTA traces for samples milled for 15 and 22 hours, in Fig.5.8, showed no 
evidence of Al melting at about 660°C. Sharp endothermic melting peak could not be 
discerned in these DTA curves.  
If the f.c.c. like structure was not Al solid solution, it is reasonable to deduce that 
























Fig. 5.8 DTA curve of Ti-58Al sample after 15 hours of milling. 
 
It was noted from the present results that for samples milled for more than 15 
hours only all the odd and all the even index peaks of TiAl appeared in the XRD 
pattern. The disappearance of the mixed index reflections suggests that this TiAl phase 
had a disordered structure or an f.c.c. structure rather than the L10 superlattice after 
milling. During the MA process, elemental powder mixture was first deformed into a 
multilayer structure before any diffusion-control reaction could occur and the path of 
solid state reaction was mainly dependent on the energy supplied by the mechanical 
milling process. It was shown that in spite of the formation of equilibrium compound 
being energetically favorable, the transformation kinetics might be the more important 
controlling factor. Structurally simple phases, which were believed to have high 
nucleation rates and high growing velocity, might become a kinetically favored path to 
lower the free energy of the system. The equilibrium intermetallic compound in Ti-Al 
system should be L10-TiAl with the Al and Ti atoms occupying alternatively on the 
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(002) crystalline planes. However, comparing with the L10 superlattice structure, 
disordered TiAl has a simpler A1 or f.c.c. lattice structure which was closer to the 
structures of elemental Al and Ti. The formation of disordered A1-TiAl could 
therefore be accomplished by diffusion of the elemental atoms with relatively less 
rearrangement of atoms to form the new lattice. It is thus reasonable to deduce that the 
formation of disordered TiAl was kinetically favorable comparing with the ordered 
equilibrium L10-TiAl. 
 
5.2.4.2 Ti-Al-2Mn-2Nb alloying system 
 
Structural evolution of the Ti-Al-Mn-Nb powder mixtures is shown in Fig. 5.9. 
The lattice parameters of Al and Ti were calculated and the results are listed in Tables 
5.5 and 5.6. During the first hour of milling, only slight changes could be observed in 
the XRD patterns. Diffraction peaks of all the elements can clearly be seen. Profiles of 
the diffraction peaks become broader after 5 hours of milling, indicating the refinement 
of the grain size of the elemental powders. The lattice parameter of Al increases only 
slightly at this stage as shown in Table 5.5. This implies that certain amount of unlike 
atoms have diffused into the Al crystalline cells leading to the expansion of the cells. 
Since the dissolution of Ti in Al results in shrinkage of the Al lattice [14], the 
expansion of Al lattice can only be explained by the rate of dissolution of Nb or Mn 
atoms or both in Al being predominant against that of Ti in Al. This trend continues 
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Fig. 5.9 XRD spectra of Ti-Al-2Mn-2Nb powder mixtures after different 







From the XRD pattern in Fig.5.9 (c), it can be seen that a diffusive halo appears 
between 35° and 42° (2θ) overlaid with peaks from other elements, manifesting that a 
small amount of amorphous phase is formed in the sample milled for 10 hours.  
 
Table 5.5 Changes in extrapolated Al lattice parameter in Ti-Al-2Mn-2Nb powder 
mixtures 
 











Table 5.6 Changes in Ti lattice parameter in Ti-Al-2Mn-2Nb powder mixtures 
 
Milling time (hrs) a0 (Å) c0 (Å) c0/ a0 ratio Standard Deviation 
0 2.9416 4.6681 1.5969 0.0040 
1 2.9481 4.6751 1.5858 0.0025 
5 2.9481 4.6798 1.5874 0.0063 
7.5 2.9448 4.6774 1.5884 0.0071 
10 2.9335 4.6495 1.5850 0.0089 
 
 
After 10 hours of MA, the lattice parameter of Al decreases rapidly in 
comparison with the reduction process of the previous stage as shown in Table 5.5. 
This is a clear evidence that diffusion of Nb into Al has ceased while that of Ti into Al 
is still going on and becomes the dominant process at this stage of MA. At this stage, 
 179
diffraction peak from Mn can still be clearly identified while those of Nb have all 
disappeared. The results therefore confirmed the cross-sectional SEM observations in 
section 5.2.3.2 shown in Fig. 5.4, and also demonstrate the different solution rate of 
Mn and Nb during MA. Nb can take part in the alloying process in the very early stage 
of milling, but not so for Mn. From binary phase diagrams, it can be observed that the 
solubility of Nb and Mn in both Al and Ti is very limited at room temperature. 
However, the 2 at.% of Nb can completely be dissolved into Al or Ti in the early stage 
of MA.  
In order to explain the different alloying behaviors of Mn and Nb, a comparison 
between the two alloying additions (Mn and Nb) was carried out. Concerning the 
equilibrium phase diagram, both of them are able to form solid solution with Al and Ti, 
albeit the solubilities are limited at low temperature. The diffusivity of Mn and Nb to 
Al or Ti at low temperatures cannot be found. However, if diffusivity at higher 
temperature can be taken as a reference, it can be found that the diffusivity of Mn in Al 
at 480°C is much higher than that of Nb in Al (DMn→Al = 9.70 x 10-10 cm2/s, DNb→Al = 
3.29 x 10-13 cm2/s), while Mn and Nb possess similar diffusivity in Ti at the same 
temperature. It seems difficult to explain the present experimental findings using the 
above data. However, if their mechanical properties were considered, it could be found 
that Mn possesses a very high hardness of 500 DPN (diamond pyramid number) in 
comparison with that of Nb (130 DPN). Its Young’s modulus is about 159 GPa which 
is also higher than that of Nb of 103 GPa. These data show that during the ball milling 
process, plastic deformation and the fracturing of Mn is more difficult than that of Nb. 
The faster rate of diffusion and shorter diffusion distance in the milling process are 
mainly dependent on the continuous refinement of the powder particles and the 
formation of fresh surfaces at atomic level. The lack of fresh surfaces due to the lack of 
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fracturing therefore prevents Mn from taking part in the alloying process at the early 
stage of ball milling. In addition, the atomic radius of Nb of 1.47 Å is very close to 
those of Ti and Al. This implies that Nb can be well accommodated in the matrix 
lattices than for Mn. For these reasons, Nb is easier to be alloyed during the MA 
process. 
 
Fig. 5.10 (a) 
 





Fig. 5.10 (c) 
 
 
Fig. 5.10 (d) 
Fig. 5.10 TEM micrographs of Ti-48Al-2Mn-2Nb powder particles after 15 hours 
of milling: (a) BF image showing the powder morphology, (b) EDAX spectrum at 
indicated area in (a), (c) SAD pattern from amorphous phase, and  (d) SAD pattern 
from crystalline structure. 






Amorphization of the powder mixtures became evident after further milling. In 
the sample milled for 15 hours, amorphous phase is the main constituent in the MAed 
products as shown in Fig 5.9 (d). XRD peaks from elemental Al, Ti and Mn have all 
disappeared. The disappearance of Mn peak implies that it has finally taken part in the 
alloying process after 10 hours of milling. After being subjected to long time of impact 
and shear loading, the Mn powders have eventually been fragmented to form atomic 
level fresh surfaces and have therefore accelerated the alloying process. The 
appearance of the amorphous phase has also been confirmed by TEM observations as 
shown in Fig. 5.10. Figs. 5.10 (a) and (b) show the powder particle after 15 hours of 
milling and the nominal composition tested by TEM EDAX. It could be observed that 
the composition was nearly homogeneous after 15 hours of milling. The composition 
at the spot inspected was close to Ti-48Al-2Mn-2Nb as designed. Fig 5.10 (c) clearly 
shows a diffused amorphous ring in the selected area diffraction (SAD) pattern of 
sample milled for 15 hours. However, only partial amorphization could be achieved in 
the present milling conditions. SAD pattern in other area of the same MAed sample 
showed that several diffraction spots originated from crystalline phase could also be 
found embedded in the amorphous matrix as shown in Fig. 5.10 (d). This clearly 
showed the co-existence of amorphous phase and crystalline phase in the sample after 
15 hours of milling. 
Comparing the present quaternary system with that previously studied Ti-58Al 
binary system as in section 5.2.3.1, totally different final milling products have been 
observed in the two systems. In the present Ti-Al-Mn-Nb system, partial amorphous 
phase together with a small amount of crystalline phase are the final products, while 
only an fcc-like phase could be formed in the Ti-58Al binary system as shown in Figs. 
5.5 and 5.6. The path of structural evolution during the MA process is usually 
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controlled by the milling conditions and alloying composition. In the present study, the 
milling conditions for both systems were almost identical. The difference in milling 
products might therefore be ascribed to the presence of the alloying elements Mn and 
Nb. This will be discussed later in section 5.3.  
 
5.2.5. Evolution of grain size during milling 
5.2.5.1. Ti-58Al system. 
The changes in grain size of Al during ball milling of in Ti-58Al powder 
mixtures are tabulated in Table 5.7 and graphically illustrated in Fig. 5.11. 
Table 5.7. Grain size and strain in Al powder after different durations of milling in 
Ti58 Al system. 
 
Milling Time (hrs) Grain size ( nm) Strain (%) St. Dev. (nm) 
0 492.2 0.12 72.8 
1 102.1 0.36 7.4 
2.5 221.1 0.26 19.6 
5 745.6 1.45 16.8 
7.5 235.0 1.40 16.9 
8.5 46.7 1.04 13.2 





























































From Table 5.7 and Fig. 5.11, it could be observed that the grain size of Al 
decrease during the first hour of ball milling. However, it increased to some extends 
after that and reached its peak value of 745.6 nm after 5 hours of milling. This trend 
differed from that of Ti-75Al system, as shown in chapter 4, which remained stable 
during the same ball milling duration. This may be due to the flattening of the Al 
powder particles at the initial stage of milling because of the severe deformation of the 
relatively soft Al. The Al grains were elongated in two dimensions and therefore 
demonstrated larger grain size. After 5 hours of milling, the grain size decreased 
continuously reaching a size as small as 23.4 nm after 10 hours of milling. Large 
deformation hardening of Al powder during milling inevitably led to the fracturing of 
Al powder particles, resulting in the refinement of the Al grain structure. Although the 
grain size could not be calculated using XRD information for samples beyond 10 hours 
of milling due to the extreme broadening of the XRD peaks, it was reasonable to expect 
a much smaller grain size in samples with further ball milling.  
The strain in the Al lattice was increased to about 1.45% after 5 hours of milling 
which corresponded to the maximum grain size in the samples. With the increase in the 
milling time, lattice strain was kept almost unchanged. 
The evolution of Ti grain size during the ball milling process is illustrated in 
Table 5.8 and Fig. 5.12. It can be seen that the changes in grain size of Ti was very 
similar to that of Al. The size decreased in the first 1 hour of milling but increased 
subsequently and reached the maximum after 5 hours, in a similar trend as that of Al 
powder.  With further milling, the grain size began to decrease again. However, no 
stable stage could be found in the present study due to the extreme broadening or the 





Table 5.8. Grain size and strain in Ti powder after different durations of milling 
in Ti58 Al system. 
 
Ball Milling Time (hrs) Grain size ( nm) Strain (%) St. Dev. (nm) 
0 288.8 0.25 72.6 
1 107.4 0.92 9.0 
2.5 133.0 0.51 11.1 
5 199.1 1.08 14.6 
7.5 166.1 0.93 12.0 
8.5 81.6 1.97 7.5 













































Fig. 5.12 Changes in grain size and lattice strain in Ti of ball milled Ti-58Al powders 
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The lattice strain in Ti evolved in a continuous way with the increase in milling 
time.  After 8.5 hours of milling, it was as high as 1.97%.  
 
5.2.5.2. Ti-48Al-2Mn-2Nb system. 
During the MA process, the grain size of Ti and Al decreased rapidly with 
milling time. Grain sizes of the powders after different milling durations are calculated 
using Williamson-Hall’s equation and the results are listed in Tables 5.9 and 5.10, and 
illustrated in Figs. 5.13 and 5.14. 
It can be seen that the grain size of Al decreases from about 492 to 39 nm after 
10 hours of milling. For the same period, the grain size of Ti reaches 16 nm. This is a 
reasonable result since Ti is of h.c.p. structure that is more brittle than Al of f.c.c. 
structure. During MA, the Ti and Al powders are subjected to continuous impact and 
shear deformation. The relatively brittle Ti powders fracture more easily than the 
ductile Al powders and therefore result in a higher rate of grain size reduction. The 
XRD profile has been broadened so much that Williamson-Hall’s equation cannot be 
applied to the powders milled for more than 10 hours.  
 
 189
Table 5.9. Grain sizes of Al powder in Ti-48Al-2Mn-2Nb after different 
durations of milling. 
 
Ball Milling Time (hrs) Grain Size ( nm) St. Dev. (nm) 
0 492 72 
1 199 31 
5 60 12 
7.5 43 3 


















































Fig. 5.13 (a) lattice strain and (b) grain size of Al in Ti-48Al-2Mn-2Nb powder 




Table 5.10. Grain sizes of Ti powder in Ti-48Al-2Mn-2Nb after different 
durations of milling 
Ball Milling Time (hrs) Grain size ( nm) St. Dev. (nm) 
0 289 73 
1 200 16 
5 56 6 
7.5 63 4 















































Fig. 5.14 (a) lattice strain and (b) grain size of Ti in Ti-48Al-2Mn-2Nb powder 
mixtures after different durations of milling. 
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Comparing the grain size and lattice strain of Ti-48Al-2Mn-2Nb with those in 
Ti-58Al alloy system, quaternary Ti-48Al-2Mn-2Nb system demonstrated different 
trend. From the calculated grain size, it could be found that both Al and Ti grain sizes 
decreased continuously with milling time. The grain size decreased to about 55-60 nm 
within 5 hours of ball milling showing that refinement of grain in this quaternary 
system was much faster than that of the binary Ti-58Al system. The Ti grain size 
reached 16.4 nm after 10 hours of milling. However, although the grain refinement 
trend is different from that of Ti-58Al system, the Al grain size after 10 hours of 
milling in the quaternary system was 39.1 nm which was in the same range as the 
binary system.  
 
5.2.6. Phase evolution of the ball milled powders during thermal treatment 
5.2.6.1 Ti-58Al binary system 
The DTA results of Ti-58Al samples shown in Fig. 5.15 indicate that four 
different groups of changes existed during heat treatment. For the sample milled for 1 
hour, the melting of Al and an exothermic peak could be observed from the DTA trace, 
in Fig 5.15 (a).  However, for the samples milled for 5 and 7.5 hours, only one 
exothermic peak starting at 535 and 520°C could be seen respectively as shown in 
Figs. 5.15 (b) and (c). The 8.5 hours milled sample showed a very unique DTA pattern 
with an exothermic peak at maximum of 382°C and an endothermic peak starting from 
523°C as shown in Fig. 5.15 (d). The endothermic peak is accompanied with a 
decrease in weight. The DTA curve of samples ball milled for longer than 10 hours 
showed a similar trend. As shown in Figs. 5.8 and 5.15 (e), an endothermic peak 
appeared with the sample weight decreased at the same time, and an exothermic peak 
followed and the starting temperature of this reaction appeared to increase with ball 
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milling time. The endothermic peak might be due to the decomposition of the titanium 
hydrides since this reaction is accompanied by weight loss.  
XRD spectra of the heat-treated Ti-Al samples are shown in Fig. 5.16. After 
annealing at 700°C, almost no structural change could be detected for the sample 
milled for 1 hr. Only pure Al and Ti peaks were observed in the spectrum of this 
sample. Upon heating to 900°C, solid-state reaction between Ti and Al took place and 
a stoichiometric L10-TiAl intermetallic compound was formed. The formation of the 
tetragonal superstructure L10-TiAl was confirmed by the separation of TiAl 
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Figure 5.16 XRD spectra of thermally treated Ti-58Al powder mixtures after 
different milling durations and heated to (a) 700°C, and (b) 900°C. 
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Although the milling product of the sample milled for 5 hours was nearly the 
same as that milled for 1 hour, DTA analysis results showed that the onset temperature 
of phase transformation (535°C) was much lower than that of the former (704°C). 
XRD pattern showed that a mixture of intermetallic TiAl, Ti3Al, TiAl3 and small 
amount of elemental Ti were obtained after treatment at 700°C. Increasing the 
treatment temperature to 900°C could only make the low temperature reaction 
complete, but could not induce further Ti3Al + TiAl3 → TiAl transformation. 
By heating the sample milled for 10 hrs to 700°C, a single L10-TiAl phase was 
obtained. It is interesting to note from its XRD pattern that (110) superlattice reflection 
could be clearly identified. However, it was not possible to separate the (200)/(002) 
and (202)/(220) peaks.  
Heating the samples ball-milled for more than 10 hours to 900°C, a two phase 
microstructure was obtained. After carefully comparing with the standard JCPDS files, 
the two phases were confirmed as L10-TiAl and Ti2AlN. Appearance of a nitride in the 
heat-treated samples was a surprise since the nitrogen contents in the as-milled 
samples were very low as indicated in Table 5.3. Besides, during the thermal 
treatment, purified Ar gas was employed to prevent the sample from contamination. 
Therefore, there were two possibilities for the formation of the nitride: either the CHN 
analyzer was not accurate enough or the sample had absorbed certain amount of 
Nitrogen during ball milling. The presence of nitrides in the sample may be beneficial. 






5.2.6.2 Ti-48Al-2Mn-2Nb quaternary system 
Thermal stability of the Ti-Al-Mn-Nb system was found to be higher than that of 
Ti-Al system although the products after heat treatment were very similar in both 
systems. 
DTA curves of the powders milled for different times are shown in Figs. 5.17 
(a)-(c). An endothermic and an exothermic peak can be observed in the sample milled 
for 1 hour (Fig. 5.17 (a)). The endothermic peak located at about 660°C is clearly the 
result of the melting of the elemental Al while the exothermic peak represents the 
reaction between the elemental powders to form intermetallic compound γ-TiAl 
together with a small amount of Ti3Al and Al3Ti. This is confirmed by XRD analyses 
shown in Fig. 5. 18 (a).  
The DTA curves of the samples milled for 5 to 10 hours are very similar and are 
typically shown in Fig. 5.17 (b). All curves showed an exothermic peak and an 
endothermic peak. Melting of Al can no longer be observed although the milling 
products during these periods are a combination of Al and Ti solid solutions. In order 
to study the nature of the endothermic peak, thermogravity test was carried out. Results 
of TGA done simultaneously with DTA show a loss in weight at this temperature 
range as shown in Fig. 5.19. It is therefore supposed that a decomposition reaction 
might have taken place at this temperature range. As it is well known that Ti is very 
reactive with hydrogen, it may have attracted certain amount of hydrogen during the 
MA process due to imperfect sealing of milling tools to form titanium hydrides. The 
hydrides formed may become thermally unstable up to certain temperature and will 
decompose when the sample is heated. This decomposition reaction is largely an 
endothermic one as stated by Guo et al. [81]. Since the amount of titanium hydrides in 
the samples are very small, they cannot be discerned from the XRD patterns. If the 
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endothermic peak is indeed an indication of the dissociation of hydrides, the 
temperature of its occurrence provides some guidance as to the degassing temperature 




(a) Ball Milling for 1 hour
(c) Ball Milling for 15 hours




















After the exothermic reaction, a two-phase γ-TiAl and α2-Ti3Al structure is 
obtained as shown in Fig. 5.19 (b). At equilibrium condition, Ti-48Al-2Mn-2Nb 
composition is falling on the γ-TiAl + α2-Ti3Al two-phase region, indicating that the 
present experimental results strictly follow the equilibrium rules. 
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(a) 1 hour Milling, 900C
(b) 5 hours Milling, 900C/1hr
(c) 15 hours Milling, 900C


































Fig. 5.18 XRD patterns of annealed samples. 
  
For samples milled for 15 hours and more, DTA curves reveal an endothermic 
peak representing the decomposition of titanium hydride and a sharp exothermic peak 
at about 700°C as shown in Fig. 5.17 (c). From the XRD results in Figs. 5.9 (e) and 
5.10, the amorphous phase is the dominant phase in the samples milled for longer than 
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15 hours. The sharp exothermic peak is therefore an indication of the crystallisation of 
the amorphous phase. The starting crystallisation temperature for all of the samples is 
the same, at about 696°C. XRD patterns of the annealed samples are shown in Fig. 
5.19 (c). It can be seen that the crystallisation of the amorphous phase resulted in two 
major phases: γ-TiAl and Ti2AlN. The formation of Ti2AlN is a result of contamination 
from the atmosphere.  It is believed that at the initial stages of milling, very small 
amount of N is absorbed at the surfaces of the powders. α2-Ti3Al is therefore formed 
upon heating. With the increase in milling time, N content in the powders increases 
and hence instead of α2-Ti3Al, Ti2AlN is formed during heating. There are two 
possible routes for the formation of Ti2AlN. Firstly, the N may have existed in 
elemental form during milling and dissolves after the formation of the γ-TiAl at high 
temperature. The second route may be that N has solutionized in Ti (Al) solid solution. 



















Fig. 5.19 DTA and TGA curves of sample milled for 7.5 hrs  
showing weight loss at peak 2. 
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5.2.7 Grain growth during the heat treatment. 
5.2.7.1 Ti-58Al binary system 
The Ti-58Al powder mixtures ball milled for different durations were heat 
treated at 700 and 900°C. The measured grain sizes of γ-TiAl are tabulated in Tables 
5.11 and 5.12 and the trends are schematically illustrated in Figs. 5.20 and 5.21 
respectively. 
 
Table 5.11. Grain size of Ti-58Al heat treated at 700°C 
Milling time (hrs) Grain Size (nm) St. Dev. (nm) 
5 101.6 16.3 
7.5 113.2 33.3 
8.5 61.8 4.0 
10 35.4 8.9 
15 24.8 11.7 
20 28.5 6.7 




















Fig. 5.20 γ-TiAl grain size of Ti-58Al after annealing at 700°C. 
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From the Table 5.11, it could be seen that after heating up to 700°C the grain 
sizes in the materials were still kept in the range of less than 100 nm. For example, the 
grain size of γ-TiAl in the sample milled for 15 hours was 24.8 nm. If the γ-TiAl bulk 
material could be obtained in such small grain size, extraordinary properties could be 
expected. 
 
Table 5.12 Grain size of Ti-58Al heat treated at 700°C 
Milling time (hrs) Grain Size (nm) St. Dev. (nm) 
1 NA NA 
5 356.9 14.6 
7.5 139.8 8.4 
8.5 455.9 6.1 
10 107.3 12.5 
15 130.7 14.4 
20 224.0 18.3 
22 246.5 12.5 

























Fig. 5.21 γ-TiAl grain size of Ti-58Al after annealing at 900°C. 
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The grain size distribution of the samples ball milled for different durations fell 
in a relatively narrow range after heating up to 900°C. This implies that there may 
exist a critical temperature for fast grain growth of nano-size grain to occur. In the 
alloys studied, the threshold temperature might be between 800°C and 900°C. It was 
estimated that the delayed grain growth may be due to the presence of fine and hard 
dispersoids. It is well known that contamination of N, C, O from both PCA and 
atmosphere is difficult to be avoided. These impurities will react with Ti or Al to form 
very fine and hard nitrides like Ti2AlN in our study, oxides or carbides. These 
dispersoids may resist the movement of the grain boundaries and hence hinder the 
growth of the grains. However, after being exposed to high temperature for certain 
period of time, the dispersoids will grow to some extents. Grain growth resistance 
affected by the coarsened dispersoids will gradually decrease and the rate of grain 








5.3.1 Formation of amorphous phase in Ti-Al system 
Amorphous metallic alloys are thermodynamically metastable with respect to 
their crystalline phases. In comparison with their crystalline counterparts, they are very 
useful for a variety of applications due to their superior properties like high corrosion 
and oxidation resistance, low coefficient of thermal expansion, high strength, high 
magnetic permeability and electrical resistance. As an amorphous structure, its 
metastability, however, requires that certain thermodynamic and kinetic conditions be 
fulfilled for its formation and stabilization.  
It has recently been shown that it is also possible to form amorphous metals by 
solid state reaction. There is no quenching process involved in this method that could 
influence the glass-forming range. This isothermal amorphization can occur by solid-
state reaction with diffusion or without diffusion or by a mechanical treatment such as 
ball milling of the elemental and intermetallic phases [151]. 
The basic principles of amorphous formation by solid-state reaction require that 
the free energy of the equilibrium crystalline state (Gx) to be always lower than that of 
the amorphous state (Ga) for metallic system below the melting temperature. The 
amorphous state is a metastable state, i.e. an energy barrier which prevents amorphous 
metals from spontaneous crystallization. In order to form an amorphous metal by a 
solid state reaction, it is necessary to create an initial crystalline state (G0) with higher 
free energy [9].  
Starting from this initial state, G0, the free energy of the system can be lowered 
either by the formation of a metastable amorphous phase or by the formation of a 
crystalline intermetallic phase (or phase mixture). Although the crystalline equilibrium 
phase is energetically favored, the kinetics of the phase formation decides which phase 
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is in fact formed. To evaluate this, the time scale of the possible reactions must be 
considered. The formation of an amorphous phase is possible and likely if the 
formation reaction for the amorphous phase is much faster than that for the crystalline 
phase, or τ0→A<< τ0→X [152]. Recent research interests have been focused more on 
solid-state amorphization reaction using ball milling. 
In general, ball milling can be classified into two categories: mechanical alloying 
(MA) which involves milling of powders with different compositions, and mechanical 
milling(MM) or mechanical grinding(MG) which involves milling of powders with 
single composition such as compounds or elements. The distinctions can also be drawn 
on the basis of the formation mechanism of metastable phases. MA involves chemical 
diffusion over a long distance, being often accompanied by a negative heat of 
formation, while MM involves excess defect accumulation.  
Early explanation on amorphization induced by mechanical alloying or 
mechanical milling is the local-melting-quenching mechanism due to temperature 
spikes arising from colliding balls and /or friction between sliding particles and 
subsequent instantaneous solidification. This mechanism has been proven to be invalid 
because many experiments have shown that the temperature rise during milling is only 
several hundred K, far below the melting temperature of metals. Another mechanism is 
based on the hypothesis of a high defect concentration that raises the free energy of the 
system up to the level of an amorphous phase Asymmetric solid interdiffusion, 
lowering the melting point, elasticity instability and phase separation in supersaturated 
solid solution are also proposed models for the thermodynamic mechanism of 
mechanically driven solid state amorphization. It is now widely accepted that two 
conditions are necessary for the formation of amorphous by MA. Firstly, the alloying 
elements must have a large negative heat of mixing; secondly, one of the components 
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is an anomalous fast diffuser. The former condition satisfies the thermodynamic 
requirement for the formation of an amorphous phase while the latter ensures that the 
nucleation and growth of a stable crystalline intermetallic compound is suppressed 
kinetically. However, although fulfilled, these conditions are not sufficient for the 
formation of the amorphous phases, for example, in the case of MAed Al-Ni and Cu-
Zn system. On the contrary, MA induced vitrification occurs with Mo-Ni couple in 
spite of the small heat of mixing calculated according to Miedema’s model 
 
5.3.2 Thermodynamic consideration of amorphization of Ti-Al system 
In Ti-Al system, no glass formation has been observed so far using the rapid 
solidification process. Mechanical alloying offers an innovative route for the 
production of an amorphous phase in this material system. It is now realized that Ti-Al 
amorphous phase can be formed with a wide range of compositions. Cocco et al. 
reported the amorphization of Ti75Al25 after 21 hours of milling in a Spex 8000 mill. It 
has been suggested that the glass forming composition range could be increased to a 
certain degree with the increase in milling intensity. This is not unexpected. At higher 
milling speed, the impact energy transferred from the balls to the powder will also be 
higher, which in turn results in the production of more defects in the crystalline metal 
mixture. 
The two conditions necessary for the formation of amorphous phase during ball 
milling has already been mentioned in section 5.3.1. For Ti-Al system, the second 
criterion seems to be satisfied as the chemical diffusivity of Al in α-Ti at 300K is 8.7 x 
10-23cm2s-1 which is about nine orders of magnitude higher than that of the self-
diffusivity of α-Ti.  
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To establish the existence of any driving force in the formation of amorphous 
phase, thermodynamic calculations have been carried out. Two approaches have to be 
used, one based on CALPHAD (Calculation of Phase Diagram) approach with the 
regular solution model and the other, the Miedema’s enthalpy calculation approach. In 
the regular solution model the free energy of solid solution is given by: 
G(X,T)=XTi G0Ti (T) + XAl G0Al (T) +RT(XTi ln XTi + XAl ln XAl) 
+ XTiXAl[ A0 +A1 (XTi –XAl )]                                    (5-1) 
where the first two terms on the right hand side represent the Gibbs energy of the 
components in the powder mixture,  the third term is the ideal Gibbs energy of mixing, 
and the fourth, the excess Gibbs energy.  XAl and XTi are the molar concentrations of 
Al and Ti respectively. A0 and A1 are the parameters of the model, whose values are 
obtained by optimization and are listed in Table 5.13. The temperature taken in the 
calculations was 500K, which is the temperature normally encountered during milling.  
In the case of amorphous phase, the elastic and structural contributions to its 
enthalpy are absent. The enthalpy of the amorphous phase has been obtained by the 
following equation [89], 
Hamor = ∆Hc + XTi HTiamor + XAl HAlamor        (5-2) 
where the first item refers to the chemical contributions to the enthalpy of the 
amorphous phase. The last two terms represent the enthalpy of the pure elements. The 
chemical contribution to the enthalpy of the amorphous phase can be written as, 
∆Hc = [1 + 5(XTiS + XAlS)]XTi XAl[XAl∆hTisolin Al + XTi∆hAlsolin Ti]   (5-3) 
where ∆hsol is the enthalpy of solution of one element in the other in an infinite dilution 
limit (∆hTisolin Al is –118KJ/mol and ∆hAlsolin Ti is –119KJ/mol ), XTis and XAlS are the 
surface concentration of Ti and Al respectively and the factor [1 + 5(XTiS + XAlS)] is 
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present to account for short range order observed in the amorphous phase. Here, the 
surface concentration is 
XTis = XTiVTi2/3 /( XTiVTi2/3 + XAlVAl2/3)     (5-4) 
and                                             XAlS = 1−XTiS                 (5-5) 
In the present calculations, crystalline pure metals were chosen to be the standard state 
and their enthalpy was assigned to be zero. The enthalpy of amorphous pure metals 
was assumed to be independent of temperature and was obtained from the following 
equation: 
Hia = α Tm, i        (5-6) 
where Hia is the enthalpy of the amorphous pure metal i, Tm,i  is  the melting point of 
pure metal i, and  α, a constant taken to be equal to 3.5 J mol-1K-1. 
Table 5.13. Model parameters A0 and A1 from reference [153, 154]. 
Phase Parameter A0 (J) Parameter A1 (J) 
Liquid -111811.4+35.08807 *T -9746.9-7.18705*T 
HCP solid solution -123476.4+27.38338*T 965.0-8.39094*T 
FCC solid solution -114784.7+42.96854*T 0 
The results obtained from the applications of both models are shown in Fig. 5.22. 
The CALPHAD model, based on equilibrium values, predicts higher stability of the 
crystalline solid solutions with respect to the liquid at 500 K without formation of 
amorphous phase. However, the free energy of the amorphous phase calculated using 
Miedema’s model turns out to be the lowest in the middle range of the composition. 
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Fig. 5.22 Free energy –composition diagram for Ti-Al system 




5.3.3. Amorphization of Ti-48Al-2Mn-2Nb quaternary system  
From the calculations shown in Fig. 5.22, the composition in the present study is 
Ti-58at.%Al, which lies in the glass-forming range. From the TEM SAD pattern 
shown in Fig. 5.6, it is clear that elemental Ti and Al had not been amorphized even 
after 20 hours of milling. For the Ti-75Al powders, L12-Al3Ti was the milling product 
after long enough milling as described in Chapter 4. However, according to this model, 
amorphous phase should be the final milling product in the composition ranges in 
present study. This may imply that the kinetic factors are much more important in the 





In the case of Ti-75Al, due to the continuous decrease of layer thickness and 
input of mechanical energy as described in chapter 4, the formation of metastable 
phases like solid solution and Al3Ti was more energetically favored during the ball 
milling process. Amorphous phase could therefore not be observed. 
The interesting part here is that no amorphous phase could be obtained in Ti-
58Al binary system during milling, while partial amorphization could be achieved in 
the Ti-48Al-2Mn-2Nb system.  
It has been reported by Inoue et al. [155] that the amorphous-forming ability of 
alloy could be improved by adding certain elements that could satisfy the following 
empirical rules: (1) multicomponent system consisting of more than three constituent 
elements, (2) significant atomic size difference among the main constituent elements, 
and (3) negative heat of mixing among the main constituent elements. Although the 
conclusions made by Inoue et al. were based on the investigations on alloys quenched 
from liquids, it may also be applied to the current solid-state amorphization situation. It 
could be found that all of these three rules are satisfied in the Ti-Al-Mn-Nb system. 
First of all, the system contains four elements, which is more than the required three. 
Secondly, the Ti-Al system is a system with large negative heat of mixing [86], thus 
satisfying the rule (3). Although the atomic radius of Nb is about 1.47 Å which is close 
to that of the parent elements of Ti (1.47 Å) or Al (1.43 Å), the atomic radius of Mn is 
only 1.35 Å which is about 8% less than that of Al or Ti. Such a difference in atomic 
size is expected to increase the degree of dense random packing of the atoms and lead 
to the formation of amorphous phase. In addition, the dissolution of the smaller Mn 
atoms into the parent crystal lattices would cause a reduction in growth rate of the 
crystalline phase. The dissolved atoms with significant atomic size difference could 
increase the difficulty in atomic mobility or diffusivity and therefore prohibit long-
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range atomic rearrangement or prohibit the formation of TiAl crystalline phase 
kinetically. In addition, the solid solution of alloying elements, namely, Mn and Nb 
may also restrict the mobility of the defects and therefore promote the accumulation of 
lattice strain. According to the measurement from XRD peak broadening, the lattice 
strain in Al can reach as high as 1.4%, while that in Ti, 1.19% during the milling. The 
accumulation of lattice strain will therefore increase the free energy of the whole 
system and favor the formation of metastable amorphous phase. Besides the alloying 
effects from Nb and Mn which possessed very different atomic size from Ti and Al, 
there might exist other mechanisms need further investigation, which could also affect 









1. Formation of amorphous phase was observed in the Ti-48Al-2Mn-2Nb system 
during the ball milling process. The addition of Mn and Nb to the Ti-Al system 
has been found to increase the amorphous-forming ability of the alloy during 
MA. It was found that the kinetic factors played more important role than 
thermodynamic factor in amorphization during ball milling in the present study. 
2. The alloying behaviors of Mn and Nb during ball milling are different. 
Diffusion of Nb occurs at the beginning stage of milling while that of Mn can 
only occur after a certain period of milling time. This behavior is attributed 
mainly to the difference in mechanical properties of Mn and Nb. 
3. Heat treatment of the ball milled powders resulted in the formation of two 
phase microstructure of γ-TiAl and α2-Ti3Al. However, for the samples with 
longer time of milling, Ti2AlN instead of Ti3Al was obtained due to 


















6.1  Introduction 
 
Nitrides are a group of materials with unique properties. Because of their high 
hardness, high stability at elevated temperatures, good electrical and optical properties, 
nitrides are widely used in a variety of industrial applications. Titanium nitrides 
possess hardness higher than that of alumina and are thermally stable up to 3,300K 
[156]. TiN has high resistance to most chemical solutions and is able to provide a very 
good diffusion barrier for metals. It has also been widely used as cutting tools, solar 
control films and in microelectronic applications.  
The cubic form of TiN can be synthesized by several methods such as activated 
reactive evaporation [157], self propagating combustion under high nitrogen pressure 
and high temperature [158]. The main disadvantages of these methods are the high cost 
and contamination in the end products. During the last few years, mechanical alloying 
has been used in mass production of the industrially important TiN and other nitrides 
under the flow of nitrogen gas. During ball milling, the reaction between solid metal 
and gaseous molecules is mechanically activated while the nitrides are finally being 
fabricated. Compared with other methods, mechanical alloying is able to fabricate TiN 
at ambient temperature and in larger quantities. However, few research papers have 
been published currently on this topic. Lim et al. [159] studied the mechanochemical 
synthesis route of TiN and the thermal stability of TiN. Miki et al. [160] reported the 
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formation of NaCl-type TiN and (Ti0.5Al0.5)N by milling a Ti50-Al50 powder mixture 
in a nitrogen atmosphere. During a subsequent heat-treatment process, (Ti0.5Al0.5)N 
decomposed to TiN and AlN. It was demonstrated by Chen and Perng [161] that the 
TiN compound was formed by means of self-propagating combustion triggered by the 
large clean surface area and the high strain energy of Ti powder induced by ball 
milling. Sherif et al. [162] are the first who claimed to have succeeded in synthesizing 
full-density TiN by plasma-activated sintering of reactive ball milled powder. It is 
noted that all the research efforts mentioned above involve the reaction between a solid 
(powders) and a gaseous phase (nitrogen).  
Development of metal matrix composites (MMCs) has been one of the major 
innovations in materials science over the past 20 years. Among the MMCs, aluminum 
is the most attractive matrix material applicable particularly to aerospace and 
transportation industries due to its low density and low cost for mass fabrication [163, 
164]. Titanium nitrides possess hardness even higher than that of alumina and are 
thermally stable up to 3,000K. Therefore, as a reinforcement phase in aluminum, TiN 
is expected to have very little reaction with the Al matrix material to provide sufficient 
interface bonding, but not large enough to decrease the bonding strength or corrosion 
properties of the interface regions. In addition, both Al and TiN have the same NaCl 
type face-centered-cubic (f.c.c.) crystalline structures, and the lattice parameter of Al is 
about 4.0494 Å which is very close to that of TiN of 4.2417 Å. This similarity in 
lattice constant will result in smaller lattice mismatch between Al and TiN, making 
TiN a suitable reinforcement phase at least from this point of view.  
To obtain in-situ TiN, powder mixtures of elemental Ti powder was ball-milled 
with ring-type organic material like pyrazine (C4H4N2) shown in Fig. 6.1, in a benzene 
solution. It can be seen from Fig. 6.1 that two carbon atoms in the “hexagonal benzene 
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ring structure” are replaced by two nitrogen atoms. These thermally unstable nitrogen-
containing molecules are expected to be easily broken under mechanical milling into 
simple HxC-, HxN- or CN- radicals and side-chains in the presence of the highly 
reactive surface of the transition metal Ti [165]. The dissociated N in pyrazine 
molecules is expected to reacted with elemental Ti powder to form TiN as a 
consequence of the very strong affinity between Ti and N, especially when Ti is in 










Fig. 6.1  Structure of pyrazine. 
 
Al powder usually reacts with N with great difficulty during ball milling [5], Al-
TiN composite is expected to be formed with elemental Al, Ti powders ball milled 
with pyrazine in benzene.  
Since the reaction rate between solid and gas, as used in conventional technique, 
is dependent on both the reactivity of the material and the rate of the absorption of the 
gaseous molecules, it is expected that the reaction rate under wet milling condition is 
faster than that in dry milling because of the close contact between solid and liquid, 
and the good permeability of liquid. The reaction route between solid metal and an 
 219
organic solution and the decomposition of organic material under continuous impact 
load are the research topics in the present study. 
 
6.2 Experimental results and discussion 
6.2.1 Formation of TiN 
6.2.1.1 Structural evolution during ball milling process 
XRD patterns of the ball milled titanium and pyrazine mixtures are shown in Fig. 
6.2. After 48 hours of ball milling, except for one diffused halo at about 23° (2 theta), 
all the diffraction peaks in the pattern are from pure Ti as shown in Fig. 6.2 (a). Almost 
no shift in Ti peaks could be found at this stage, implying that no nitrogen or carbon 
atoms have been dissolved in the Ti lattice. Although the transition metal Ti has a very 
strong attraction to nitrogen, no Ti (N, C) was observed in the sample at this stage. The 
results from chemical analysis shown in Table 6.1 indicate that some amounts of C and 
N have been found in the as-milled sample.  
 
Table 6.1 C, H and N contents under different milling and heat-treatment 
conditions. 
Milling Time (hrs) C (wt.%) H (wt.%) N (wt.%) 
0 hr 0 0 0 
48 hrs + 1200°C/5 min. 5.13 0 2.7 
144 hrs 6.78 0.59 3.23 
336 hrs 6.85 0.49 3.04 
336 hrs + 1200°C/5 min. 6.37 0 3.81 




It is possible that at this stage, pyrazine was only adsorbed on the surface of the 
Ti powder. The mechanical energy supplied to the system was, however, not high 
enough to break the bonds between C-N in the pyrazine molecules. In addition, the 
particle size and grain size of Ti were not yet refined after 48 hours of milling. The 
fresh surface area or the density of defects in the Ti powder were therefore not large 
enough to accelerate the diffusion of N into Ti. Two other possible substances may 
have caused the diffused XRD peak at about 23°: the glass XRD sample holder and/or 
the amorphized C in the pyrazine. 
With the increase in ball milling time, formation of titanium nitrides became 
evident. From the diffraction pattern of the sample milled for 96 hours, Fig. 6.2 (b), 
peaks of Ti nitrides could be clearly identified. The majority of nitrides observed at 
this stage were Ti2N while a small fraction was TiN. It is interesting to note that the 
intermediate phase of Ti2N could not be observed in a solid-gas milling no mater how 
much nitrogen had been absorbed by the Ti powders [159-162]. From Ti-N 
equilibrium phase diagram, cubic TiN is a high temperature phase, while at lower 
temperature, Ti2N and the δ-phase are expected. 
In the dry milling processes, the formation of nitride compounds was 
accomplished by mechanically activated solid Ti-gaseous N2 reaction [160]. During 
ball milling, the titanium powders were refined and the nitrogen molecules dissociated 
due to the ball-powder-ball collisions. The N atoms were then adsorbed on the newly 
created Ti surfaces and diffused into the Ti matrices through grain boundaries and 




































Fig. 6.3  C and N contents after different times of ball milling. 
 
 
In the present wet milling process, the reactive elements Ti powder and pyrazine 
were immersed in benzene solution. The rate of decomposition of the organic pyrazine 
is a very important factor that influences the reaction between Ti, N and/or C. The 
present experimental results suggested that the rate of decomposition of pyrazine was 
much higher than that of N2 in the dry milling process. As shown in Fig. 6.1, pyrazine 
is a benzene type compound with two carbon atoms replaced by nitrogen atoms. The 
bond distance of C-C bond is 1.3945 Å while that of C-N bond is 1.3402 Å [166]. This 
difference renders the structure of pyrazine asymmetric. The molecule with this 
asymmetric structure is unstable under thermal and/or mechanical treatment [165]. Due 
to the introduction of N atoms in the benzene ring structure, the positive and negative 
charge density centers will not coincide any longer and hence a dipole appears in the 
molecule. When subjected to an applied mechanical force, the dipole will be 
“polarized” and the moment of the dipole will increase. Such process increases the 
instability of the pyrazine molecule and the bonds between C-N could therefore easily 
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be broken during continuous ball milling. The polarized molecule can also greatly 
increase the affinity between pyrazine and the surface of the Ti powder and hence 
accelerate the adsorption of N. Therefore, the mechanochemical reaction was expected 
to be more efficient in the present experiment than a solid-gas reaction. Besides, the 
bond energy of N≡N is about 946 kJ/mol, while those for C-N and C=N are 292 and 
418 kJ/mol respectively. It can be seen that the energy required to break the C-N and 
C=N bonds in pyrazine is 236 kJ/mol lower than that to break the N≡N bond. In 
addition, the mobility of the molecules or the dissociated N atoms was expected to be 
much higher in a solution than that in gas atmosphere. Consequently, it is reasonable to 
estimate that the rate of dissociation of pyrazine and the rate of absorption of Ti are 
higher than those under dry milling condition. The required N could then be obtained 
and transported to the Ti matrix in a much faster rate. After N has reached a certain 
level, Ti2N, an intermediate phase instead of the solid solution, or other phase was 
found to be formed at various places of the Ti powder under the present wet milling 
condition. From the composition point of view, it could be concluded that 
homogeneity of the sample has not been achieved yet. 
Since N in the present study can only be obtained from the decomposition of 
pyrazine, it can be concluded that the pyrazine has decomposed to some extent and 
released a certain amount of N after 96 hours of milling. Chemical analysis showed 
that certain amount of carbon was present in the ball milled samples as shown in Table 
6.1 and Fig. 6.3. The X-ray diffraction pattern shown in Fig. 6.2, however, does not 
show the formation of any kind of carbide. The presence of C in the powders may be 
ascribed to three possible sources. Firstly, after the dissociation of pyrazine, C and/or 
H may simply combine with the powder without any phase transformation. Secondly, 
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C and H may form another organic compound and thus may prevent any reaction 
between Ti and C and/or H. Thirdly, the C may form a Ti (C, N) together with N.  
The diffused halo at about 23° became stronger in comparison to the rest of the 
diffraction peaks after 96h of milling.  
The proportion of TiN in the powder was found to increase with further milling 
to 144 hours. From the corresponding diffraction pattern in Fig. 6.2 (c), it can be 
observed that the highest peak is due to TiN rather than Ti2N.  
Table 6.1 and Fig. 6.3 show that the contents of C and N become saturated after 
144 hours of milling. The C content at this stage reached a value as high as 6.85 wt.% 
compared to 3.27 wt.% for N. The measured C:H:N is about 12:1:7, which is equal to 
the ratio of the starting pyrazine material. It is therefore reasonable to deduce that the 
C, H and N in the ball milled samples originated only from the pyrazine. It is 
interesting to note that although 6.85 wt.% of C was found in the sample, no titanium 
carbide was detected in the XRD pattern. Instead, small amounts of [Fe, C] compounds 
(JCPDS number 31-0619, a=3.60 Å) were discerned in the XRD pattern. It has been 
widely reported that transition metal Fe could react with C and N to form Fe4N [165] 
and Fe3C or Fe7C3 [167] during ball milling, however, no iron nitrides could be 
observed in the present study even though the energy of formation at 400K of Fe4N (-
75.130 kJ/mol) is much lower than that of iron carbide Fe3C. It is estimated that the 
dissociated nitrogen atoms were preferably attracted by the Ti powder. Contamination 
from Fe appeared only after the formation of titanium nitrides. Since the hardness of 
titanium nitride is much higher than that of stainless steel, Fe was scratched out 
continuously from the ball milling vial and the balls. With the increase in titanium 
nitride content, the amount of Fe also increased to a certain extent. The Fe that 
appeared in the later stage of milling could only react with the unreacted C atoms to 
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form iron carbides. Since the milling product was closely related to the starting 
composition, the iron carbide formed in the present study is therefore not Fe3C or 
Fe7C3 but a [Fe, C] compound. The broad peak at about 23° can still be clearly 
identified at this stage of ball milling. 
After 336 hours of milling, diffraction peaks from pure titanium had disappeared 
as shown in Fig. 6.2 (d). The milling products at this stage are a combination of TiN 
and Ti2N with certain amount of iron and iron carbides. The C, H and N contents had 
not changed in comparison with those of sorter milling times. The broad peak at about 
23° observed in earlier stage of milling had almost disappeared. It was noted that the 
disappearance was accompanied by the formation of certain amount of iron carbides, 
implying that this peak may be due to the amorphous state of carbon after the 
decomposition of pyrazine.  
 
6.2.1.2 Thermal treatment of milled samples 
DTA results of samples milled for different times are shown in Fig. 6.4. For the 
sample milled for 48 hours, a large and broad exothermic peak was found from low 
temperature to about 700°C. Comparing the XRD patterns of the same sample without 
and with thermal treatment in Fig. 6.2 and Fig. 6.5 respectively, it is clear that the said 
broad exothermic peak is due to the recovery process of the ball milled powder and the 
reaction between Ti and the organic compound. Using results from the chemical 
analysis shown in Table 6.1 the reaction product could be identified as Ti (C, N) and a 
small amount of titanium oxides. The titanium oxides were the consequence of 
contamination during the heating process in the DTA machine. The atomic ratio of 
C:N in the sample was evaluated to be about 7:3, identifying the product to be titanium 
carbon-nitride, Ti(C0.7N0.3). Following the exothermic peak shown in Fig. 6.4, an 
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endothermic peak located at about 700°C appeared. The peak could be estimated to 
represent the decomposition of titanium hydrides. As discussed in section 6.2.1.1, a 
certain amount of H was associated with the Ti powder. The H picked up may react 
with Ti to form a hydride. Titanium hydrides are thermally unstable and may 
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Fig. 6.4 DTA results of samples after different times of ball milling. 
 
Compared with that of the sample milled for 48 hours, the DTA trace of that 
milled for 96 hours shows an unknown peak at about 500°C as seen in Fig. 6.4.  
The sample milled for 336 hours shows a broad exothermic peak starting from 
low temperature and representing the transition from Ti2N to TiN and the formation of 
[Fe, C]. It was found that prolonged milling deferred the decomposition of the 
hydrides. The endothermic peak maximum of this sample was postponed to about 
1000°C, as observed from the results of the chemical analysis shown in Table 6.1. The 
table shows that a certain amount of hydrogen is still detectable after annealing at 
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800°C for 5 minutes, but completely disappeared at 1200°C. Results of the 
simultaneous DTA and TGA test depicted in Fig. 6.6 also indicate a weight loss after 
about 900°C. 
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Fig. 6.5 XRD pattern of sample milled for 48 hrs with DTA running to 1200°C. 
 
To study the thermal stability of the ball milled products, the samples milled for 
336 hours were annealed at 400, 800 and 1200°C for 5 minutes. XRD patterns of the 
annealed samples are shown in Fig. 6.7 where it can clearly be seen that the phases 
present are very similar regardless of annealing temperature. The Ti2N in the as-milled 
sample had been changed to TiN after the heat treatment. At the same time, C in the 
as-milled powders had reacted with the contaminated iron to form a f.c.c. structural 
[Fe, C] phase rather than with Ti to form TiC. From the diffraction patterns, no 
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6.2.2 Formation of Al-TiN metal-matrix-composite 
The present research is divided into two parts: one-step formation and two-step 
formation of Al-TiN. For the one-step method, elemental Al and Ti powders were 
milled directly with pyrazine, while for the two-step method, elemental Ti was first 
milled with pyrazine for a certain period of time and then elemental Al was added in. 
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6.2.2.1 Two step formation of Al-TiN 
The two-step formation processing was successful in obtaining the desired Al-
TiN composite. XRD patterns of the samples after different times of milling are shown 
in Fig. 6.8. After 48 hours of milling, two kinds of nitrides, namely, Ti2N and TiN 





Fig. 6.8 XRD patterns of samples from two-step formation process 
after different times of milling. 
 
The formation of these two nitrides is a result of N diffusing into the Ti lattice. In 
the current wet milling conditions where the reactants Ti and pyrazine were immersed 
in benzene solution, the rate of decomposition of pyrazine and the rate of Ti absorbing 
the dissociated N atoms were the controlling factors of the formation of nitrides. 
During ball milling, Ti powders were deformed plastically and then fractured by the 
continuous ball to powder collisions. This resulted in the extreme refinement of Ti 
powder particles, decrease in crystalline size of Ti and introduction of a large number 
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of defects and fresh surfaces in Ti. All these in turn accelerated the subsequent 
absorption and diffusion processes of N atoms in Ti. Pyrazine is an unstable benzene 
ring type compound with two carbon atoms being replaced by nitrogen atoms. The 
bond distance of C-C is 1.3945 Å with bond energy of about 344 kJ/mol, while that of 
C-N is 1.3402 Å and about 292 kJ/mol [166] respectively. The difference in bond 
distance and bond energy makes the structure of pyrazine asymmetric and is unstable 
when subjected to thermal and/or mechanical treatment. Consequently, under 
continuous impact or shear stress during ball milling, the N atoms in pyrazine can be 
dissociated from its ring structure and become “free N atoms”. As the present milling 
process was carried out in benzene solution, the mobility of the dissociated N atoms is 
relatively higher than that in air. The atoms are easily absorbed by the Ti powders with 
refined particle and crystalline sizes. The large amount of defects and interfaces in Ti 
serve as diffusion aids for the N atoms into the Ti matrix. Through the above process, 
the Ti powder can absorb a large number of N atoms. On the other hand, the 
segregation of N atoms in Ti can act as strain accumulator by preventing defect 
mobility during deformation and thus work hardening of Ti is being promoted. 
Therefore, the refinement process of Ti powder particles and grains can be accelerated, 
leading to an increased absorption rate of N atoms. After 48 hours of milling, the 
intensities of the diffraction peaks from the intermediate phase Ti2N are much stronger 
than those of TiN, implying that the amount of Ti2N in the sample is more than TiN. It 
may therefore be inferred that Ti2N has been formed during the early stage of milling, 
perhaps due to the insufficient content of nitrogen in the sample at the beginning. In 
some regions of the powders where nitrogen segregation took place, like in grain 
boundaries, the Ti:N ratio may reached 2:1 at the early stage of milling and Ti2N was 
thus formed. With the increase in milling time, concentration of N in Ti also increased 
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and stoichiometric Ti:N was achieved. Ti2N may then be transformed into more stable 
TiN. The latter phase may be formed via two different routes: direct formation from 
the reaction between Ti and N, and transformation from Ti2N, the intermediate phase. 
After milling for 144 hours, most of the Ti has reacted with N and Ti2N has been 
transformed into TiN resulting in an almost single phase of TiN. From the broadening 
of the XRD peaks, the crystalline size of TiN has been found to be about 9 nm. After 
the formation of TiN, Al powder was added to form the composite. A homogeneous 
Al-TiN composite was to be obtained after another 96 hours of ball milling. 
 
6.2.2.2 One step formation of Al-TiN 
Unlike the two-step formation process, Al-TiN composite could not be 
synthesized directly using one-step ball milling. XRD patterns of the samples from 
one-step formation after different durations of ball milling are shown in Fig. 6.9. After 
48 hours of ball milling XRD peaks from elemental powders are clearly seen. The 
diffraction peaks from both Al and Ti broadened after 96 hours of milling indicating 
the reduction of crystalline sizes of both powders, but the XRD pattern can still be 
observed to consist of peaks from pure Al and Ti. No diffraction peak from TiN could 
be discerned in the pattern suggesting that titanium nitrides have not as yet been 
formed. In addition, nearly no shift in peak position could be seen for both Al and Ti 
peaks implying that negligible amount of Ti has diffused into the Al lattice or vice 
versa. These observations indicate that the alloying process between Ti and Al has not 
occurred under the present milling conditions. Little structural changes could be 
observed in the XRD patterns of the powder mixtures even with milling till 192 hours. 
Results from chemical analysis showed that certain amount of C and N has been 
trapped by the powders after 48 hours of milling. The C and N contents in the sample 
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milled for 1-week reached as high as 9.21 and 3.62 wt.% respectively. However, no 
reaction among Al, Ti and pyrazine could be found. 
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Fig. 6.9 XRD patterns of samples from one-step formation process 
after different times of milling. 
 
This result is different from that of two-step process in which Ti2N and TiN were 
formed gradually after 48 hours of milling. It therefore infers that the presence of large 
amount of Al tends to prevent or hinder the reaction between Ti and pyrazine. In one-
step processing, the starting powder mixture contained 75 wt.% of pure aluminum. If 
the difference in density between Al and Ti is taken into consideration, the actual 
volume percentage of Al:Ti should be higher than 3.4:1. As the process of ball milling 
involves the continuous cold-welding and fracturing of the powders, a layered 
composite structure will be obtained after a period of time. Since Al powders are more 
ductile than Ti powders, they tend to be plastically deformed to form a pan-like 
morphology during the early stage of ball milling, with Ti powders, which are less 
 234
deformable, embedded in the “Al pans”. After a long enough period of time, a laminate 
structure of Al and Ti will be formed. Because the volume fraction of Al is much 
higher than that of Ti, the embedded Ti particles will eventually be covered by Al to 
form a “sandwich-like” structure, resulting in Ti powders being mostly separated from 
the surrounding solution. Because of good permeability of benzene solution, very thin 
layer of it with pyrazine can still be present between Al and Ti even though the amount 
and/or the concentration of pyrazine is negligible for any reaction to occur. The 
absorption and decomposition of pyrazine is strongly dependent on the particle size of 
the Ti powder [4]. As the Ti powders have been isolated by the softer Al powders 
before their size is reduced, it is expected that the amount of pyrazine picked up by the 
Ti powders is very limited and the concentration of N atoms is unable to reach the 
required level to form titanium nitrides. 
In spite of the strong affinity between Al and nitrogen [168], there is no 
aluminum nitrides formed in the present milling. This may be due to several reasons. 
Firstly, the aluminum oxides covering the surfaces of Al prevent the reaction from 
taking place. The reactivity of elemental Al is very high and will easily form a dense 
layer of Al2O3 during the fabrication and storage periods. This Al2O3 layer exists in 
commercially pure Al powders and is a good passivation layer for further oxidation or 
other reactions if fracture process in the Al powder is not dominant. As Al is a very 
soft metal, the Al powders tend to plastically deform rather than fracture during the 
earlier stage of ball milling especially when the milling intensity is low (Uni-Ball 
mill). Therefore, the Al2O3 scale is seldom removed in the early stage of milling and 
hence no reaction between Al and N could be expected at this stage. The absence of 
formation of aluminum nitrides may secondly be due to contamination from the air. 
During the ball milling process, small amount of O2 contamination is unavoidable due 
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to the imperfect sealing of the ball milling vials. The heat of formation of Al2O3 is 
about –400 kcal/mol, which is more negative than that of AlN of –76 kcal/mol. 
Therefore, the formation of Al2O3 thin layer will be dominant against AlN on the 
newly created fresh surfaces of Al powder. As a result, the formation of aluminum 
nitrides was prohibited while the Al powders experienced another run of passivation 
process. Since the amount of Al2O3 formed is very small, it cannot be detected by 
XRD as shown in Fig. 6.9. Thirdly, the decomposition of pyrazine may be hindered 
with the presence of Al powders since the formation of nitrides strongly depends on 
the decomposition rate of pyrazine. It is not clear whether this reaction merely follows 
a mechanochemical routine (occurs under continuous mechanical loads) or has to rely 
on the catalytic effects from Ti. If the catalytic metal Ti is needed, the formation of the 
“sandwich-like” Ti-Al composite structure during ball milling will definitely reduce 
the decomposition rate of pyrazine due to the limited contact between Ti and pyrazine. 
Lastly, the reaction between Al and N may require some forms of activation like 
mechanical activation or thermal activation. Under the present ball milling conditions, 
the intensity of milling is probably not high enough to activate the above reaction, and 
hence no AlN can be formed. 
It is interesting to note that no Al3Ti or other Al-Ti compounds are being formed 
in the present study. When the Ti and Al powder mixtures with the same composition 
were dry-milled in N2 or Ar gas environment [160, 86], Ti first diffused into Al lattice 
to form Al (Ti) solid solution which finally led to the formation of a (Ti,Al)N fcc phase 
(in N2 gas) or a L10 -Al3Ti  phase (in Ar gas) after long enough milling time. Unlike 
thye works in references [160] and [86], the present ball milling was carried out in 
benzene solution where after milling, a thin layer of the solution is attracted by the 
surfaces of the powder due to the good permeability of the solution. Therefore, even if 
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a “sandwich-like” Ti-Al composite structure was formed later, a thin film of solution is 
always present at the Ti/Al interfaces. This film tends to prevent any direct contact 
between Al and Ti and acts as a resistance to solid state diffusion, and hence solid state 
reaction between the two elements. This may explain why no titanium aluminides are 
formed under the present milling conditions. 
For the one-step formation process, Al-TiN composite can be obtained by 
subsequent heat-treatment of the ball milled powder mixtures. By annealing the sample 
that has been milled for 48 hours at 1200°C for about 10 minutes, Al-TiN composite 
can be obtained as shown in Fig. 6.10. At the same time, small amount of Al3Ti 
intermetallics could also be found in the sample as a result of the thermal activated 
reaction between Al and Ti. 
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Milling Ti power with pyrazine, a ring-type organic compound, in benzene 
solution resulted in the formation of titanium nitrides. Ti2N was the intermediate phase 
occurring during the early stage of ball milling. After prolonged milling of 336 hours, 
all of the Ti was observed to have reacted with pyrazine to form titanium nitrides. At 
the same time, C dissociated from pyrazine reacted with the iron contamination to 
form a [Fe, C] compound. Upon heating, the Ti2N formed during ball milling 
transformed into TiN. 
Aluminum metal matrix composites (MMC) dispersed with particulate titanium 
nitride have been prepared by ball milling of elemental powders of Al and Ti in 
benzene solution with pyrazine, a ring-type organic compound. A one-step formation 
process was found unable to form the desired Al-TiN MMC. The composite was 
obtainable only by a subsequent thermal treatment. For two-step processing, the TiN 
formed in the early stage of milling was dispersed in the Al matrix homogeneously and 
Al-TiN composite was successfully synthesized. The crystalline size of TiN was found 




Chapter 7 Mechanical properties of HIPed Al3Ti fabricated 
using Mechanical Alloying 
 
7.1 Introduction 
Titanium aluminides are promising candidates as high temperature structural 
materials of the future. However, the low fracture toughness at room temperature 
limits their widespread commercial applications [169]. The average KIC value of 
tetragonal D022 Al3Ti is about 4 ~ 5 MPa m1/2 at ambient temperature, and only 
slightly increases to 8 ~ 10 MPa m1/2 at the temperature range of 200-600°C [170, 
171]. The fracture failure mode shifts from transgranular to intergranular with the 
increase in temperature. A substantial grain refinement is normally considered as being 
beneficial for the improvement of ductility and fracture toughness of metallic alloys. 
Consequently, it is believed that refinement of the grain size in Al3Ti intermetallics 
may also be a possible way to improve its ductility and fracture toughness. However, 
information on the effect of grain size on fracture toughness of intermetallics even in 
the conventional range of grain size is limited, let alone in the submicron or nanometer 
ranges [172].  
It has been demonstrated in Chapter 4 that disordered nanocystalline Al3Ti has 
been obtained using MA technique. The grain size of Al3Ti obtained in the current 
study was in the range of tens of nanometers. In order to study the mechanical 
properties, the powder form of the nanocrystalline Al3Ti obtained by MA has to be 
consolidated into fully dense bulk material with grain size retained in the nanometer 
range.  
A variety of method such as hot vacuum pressing, hot pressing, hot isostatic 
pressing (HIP), shock wave explosive etc, have been used to consolidate the MAed 
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Al3Ti powder particles. Among them, HIP is regarded as an efficient tool to compact 
MAed powders at relatively low temperature. The grain growth of MAed Al3Ti 
powder has been investigated in Chapter 4 where it was shown to be possible to retain 
the nanocrystalline structure if a lower consolidation temperature and a shorter 
processing time are chosen.  
As shown in Chapter 3, the Ti-75Al powders MAed for 0 and 30 hours were 
consolidated using HIP in the current study. Details of the experiment have been given 
in Chapter 3. After HIPing, the sample was mechanically cut. Vickers indentation 
fracture toughness test was applied to the compact samples. Indentation technique is 
particularly suitable for consolidated intermetallics with low fracture toughness. 
The value of fracture toughness obtained from indentation test is based on the 
measurement of the length of the radical cracks formed at the four corners of a Vickers 
indentation made on the polished surface of tested materials [173-177]. Based on these 
references, the following equation for Palmqvist cracks was employed to estimate the 







HPK C θπν−=               (7-1) 
where l is the average Palmqvist crack length (measured disregarding the length of the 
indentation diagonal), P, the indentation load, H, the average indentation pressure 
exerted by the Vickers indenter (H = P/2a2 where a is the half-diagonal of the 
indentation, therefore H = 1.078 HV [176]), ν, the Poisson ratio, 2θ, the angle of the 
opposite faces of the Vickers indenter (136°), and the indentation fracture toughness is 
regarded as K1C. 
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7.2  Experimental results 
7.2.1 Microstructure after HIPing 
The as-HIPed samples are shown in Fig. 7.1. It could be seen that samples were 
successfully consolidated from the outline of the encapsulating tubes. It needs to be 
noted that the HIPed tube for powder mixture milled for 0 hour is compressed more 
severely as shown in Fig. 7.1 (a) than that milled for 30 hours (Fig. 7.1 (b)). This is 
attributed to the difference particle size of the powder before and after milling as 
described in Chapter 4. The larger the powder particles, the less the amount can be 








Fig. 7.1 As-HIPed sample, (a) Ti-75Al with 0 h of milling, (b) Ti-75Al after 30 




The SEM and optical microstructures of the HIPed samples are given in Figs. 7.2 
to 7.4. It can be observed that there existed low Ti containing structures in the sample 
milled for 0 hour as indicated in Figs. 7.2 (a) and (b). It is believed to be due to the 
incomplete reaction between Al and Ti powders during the HIPing process.  
 
 
Fig. 7.2 Cross-sectional SEM (BSE) micrographs of HIPed Ti-75Al sample with 









Fig. 7.3 Cross-sectional SEM (BSE) micrographs of HIPed Ti-75Al sample with 
30 h of milling at (a) low magnification, and (b) high magnification 
 
For 30-hour-milled samples, a multiphase microstructure could be seen after the 
HIPing, although the majority of the phase is Al3Ti. Surprisingly, dispersion of some 
Ti-rich phases is evident in the Al3Ti matrix as shown in Fig. 7.3. The sizes of these 






microstructure might be due to the in-homogeneity of the powder composition before 
HIPing although it had not been observed in Chapter 4.   
The size of the Al3Ti phase was also found to be very non-uniformed as shown in 
Fig. 7.3. Smaller ones with size in the submicron range and bigger grains of a few 
microns both coexisted after HIPing.  
In general, the sample milled for 30 hours was nearly fully densified in the 
current study, while pores and poorly consolidated interfaces could be seen in that 
milled for 0 hour, as shown in Figs. 7.4 (a) to (c) under optical microscope. The grain 
size of the 30hr-milled samples after HIPing was estimated to be around a few hundred 
nanometers to a few microns. It is worthy to mention that macroscopic cracks could be 
observed in the samples milled for 30 hours after mechanical cutting of the as-HIPed 
compact.   The appearance of the cracks in the samples suggested an intrinsic 












Fig. 7.4 Optical microstructures of as-HIPed Ti-75Al samples, (a) after 0 h of 
milling, (b) after 30 hours of milling, and (c) after 30 hours of milling showing cracks 
after sample was cut. 
(b) 
(c) 
Fully consolidated  
30-hour-milled sample 
Cracks in fully consolidated  
30-hour-milled sample 
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7.2.2 Mechanical properties of HIPed Al3Ti 
7.2.2.1 Indentation fracture features 
The features of indentation fracture in the 0-hour-milled and 30-hour-milled  and 
HIPed samples as shown in Figs. 7.5 to Fig. 7.7 are completely different. For the 30-
hour-milled and HIPed samples, cracks initiated from the four corners of the 
indentation and propagated almost along the diagonal axis of the indentation, as clearly 
seen in Figs. 7.5 and Fig 7.7 (a). It is worthy to note that with a decrease in the 
indentation load to 200 g, no corner cracks could be observed in the 30-hour-milled 
samples, as shown in Fig. 7.7 (b) and summarized in Table 7.1. Instead, some plastic 
deformation could clearly be seen around the indentation. This implies that the 30-
hour-milled and HIPed Al3Ti did show certain degree of ductility during indentation 
testing. 
 
Table 7.1 Occurrence of indentation crack with change in indentation load 
Sample 1000 g 500 g 300 g 200 g 100 g 50 g 
30-h-milled Crack Crack Hardly seen No Crack No Crack No Crack 
0-h-milled Crack Crack Crack Crack Crack No Crack 
 
The 0-hour-milled and HIPed samples demonstrated different indentation 
fracture features as shown in Figs. 7.6 (a) and (b). There were three types of cracks 
around the indentations:  
(1) Cracks initiated at the corners of the indentation like those in 30-hour-
milled samples. 
(2) Cracks initiated around the sides of the indentation as shown in Fig. 7.6 
(a). These cracks could also propagate to far from the indentation. 
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(3) Cracks propagate nearly parallel to the sides of the indentation and 
could reach far from the center of the indentation as shown in Fig. 7.6 














Fig. 7.6 Indentation features in Ti-75Al 0h-milled and HIPed samples with (a) 












Fig. 7.7 Indentation features in Ti-75Al 30h-milled and HIPed samples with (a) 
1000 g, and (b) 200 g indentation load. 
 
Deformation observed 






The features observed from the indentations in the 0-hour-milled sample imply 
that the sample is more brittle in nature than that of the 30-hour-milled samples. This 
will be discussed later in section 7.3. 
Compared with the fracture features under 200 gram indentation load in the 30-
hour-milled samples, as low as 100 gram of indentation load could initiate cracks 
around the indentation in the 0-hour-milled samples as shown in Table 7.1 and in Figs. 
7.6 (b) and 7.7 (b). This is one of the evidences to show that the 30-hour-milled and 
HIPed sample is more ductile than the 0-hour-milled and HIPed sample.  
 
7.2.2.2 Mechanical properties 
In the previous section 7.2.2.1, the different indentation fracture features of the 
HIPed samples implied that the 30-hour-milled sample was more ductile than 0-hour-
milled one. The mechanical properties of the HIPed samples are summarized in Tables 
7.2 and 7.3. 
It was observed that the average micro-hardness of the 30-hour-milled and 
HIPed samples was about 35% higher than that of the 0-hour-milled samples. As 
indicated in Tables 7.2 and 7.3, the indentation fracture toughness K1C of the former 
was about 24% higher than that of the latter. A summary of the comparison between 
HIPed and cast samples is tabulated in Table 7.4. 
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Table 7.2 Comparison of mechanical properties of different types of Al3Ti 
 30-hr-milled + HIPed 0-hr-milled + HIPed Cast, homogenized 
HV (kg/mm2) 603.1 ± 52.57 447.8 ± 25.66 NA 
K1C (MPa m1/2)  2.01 ± 0.11 1.62 ± 0.36 4 ~ 5 * 
* Data from [170, 171] on L12-Al3Ti (9Mn-25Ti) . 
 
7.3  Discussion 
7.3.1  MAed versus cast samples  
It is surprising that the 30-hour MAed and HIPed samples, with the grain size in 
the sub-micron range, had only about half the fracture toughness value of the cast and 
homogenized Al3Ti with grain size in the range of tens to hundreds of microns. This 
result contradicts the belief that extreme refinement of the grain size to sub-micron 
level could help to improve the fracture toughness of the brittle intermetallic 
compounds.   
This phenomenon has been observed before by other researchers. Varin et al. 
[129] reported similar fracture toughness results on Mn stabilized cubic L12-Al3Ti 
(9Mn) using hot pressing at ~800 to 900°C, or using explosive shock wave 
consolidation.  Morris and Leboeuf [178] reported a decreasing trend in fracture 
toughness in MAed and HIPed near-single phase γ-TiAl. The question is hence raised 
as to whether there is grain size dependence on fracture toughness of the brittle 
intermetallics. 
 The possible dependence of fracture toughness on grain size originated from the 
researches on cleavage fracture of carbon steel by Armstrong [179]. His proposed 
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model related K1C to the grain size of a metallic material via a Hall-Petch type of 
relationship: 
K1C = Cs1/2 [σ0 + kd-1/2]    (7-2) 
where C is a constant, s, the size of plastic zone, σ0, is the lattice friction stress for 
moving dislocation in slip bands, d, the grain sizel, and k, the parameter.  Although the 
results for lamella TiAl alloys agree well with equation (7-2), other researches [129, 
178] including the current work did not fit it well.  
Armstrong [179] and Varin et al [129] argued that when the grain size has been 
refined to the submicron or nanometer range, the size of the plastic zone, s, may be 
comparable to that of the grain itself, that is, s ≈ d. If this is the case, equation (7-2) 
should thus be rewritten to [129]: 
K1C = C [σ0d-1/2 + k]    (7-3) 
It is concluded from equation (7-3) that fracture toughness decreased with the 
grain-size after the refinement of grain to submicron or nanometer range. Experimental 
results in both current research and other researchers can therefore be explained. 
The above may be one of the possible reasons for the lower fracture toughness 
value in MAed Al3Ti. However if the processing method of the materials is considered, 
it can be found that all of the fracture toughness studies in the submicron or nanometer 
range made use of MA as the pre-treatment of the powder precursors. Different 
consolidation techniques have been applied after the grain size in the powder has 
achieved the tens of nanometer ranges. Although grain growth was inevitable during 
the consolidation, the final bulk compacts were still in submicron range which is much 
smaller than that of cast and homogenized bulks. There are at least two problems for 
this type of submicron or nanometer compacts: 
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(1): Contamination or impurities could be present during the milling process. 
These impurities may prevent the Al and Ti or their alloy particles from “fusing 
together” during the compaction process as a result of the difference in properties. 
Contaminations could also cause detrimental effect on the fracture toughens of the 
compacts.  
(2) Flaws such as micro-pores or micro-cracks could not be avoided in the 
consolidated powder compacts. Weak inter-particle interfaces which cause detrimental 
effects during the mechanical tests like indentation fracture test may be formed. This 
may lead to erroneous test results on such consolidation MAed powder compacts. Such 
could be the reasons why Zbroniec found no changes in fracture toughness with the 
increase in porosity from about 0.2 to 12%. Even a small amount of weak inter-particle 
interface could be enough to cause a drop in indentation fracture toughness. 
 
7.3.2  Comparison between samples milled for 0 and 30 hours 
In section 7.3.1, comparison was made between fracture toughness of HIPed 
powder compacts and that of cast bulks. It is more meaningful, however, to compare 
the results of samples from the same powder metallurgy technique but with different 
grain size. 
It could be observed from Table 7.4 that both the hardness (strength) and fracture 
toughness of the 30-hour-milled and HIPed sample were substantially higher than 
those of the 0-hour-milled and HIPed sample. For the 0-hour-milled sample, it was 
HIPed at 1000°C for 2 hours to achieve the fully consolidation.  Fast grain growth was 
inevitable at such process. However, the 30-hour-milled sample was still in the range 
of submicron regime after HIPing at 800°C for 2 hours. If only these two types of 
materials are being compared, then it could be seen that grain refinement did greatly 
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improve the strength and fracture toughness of the materials at the same time, thus 
achieving the design target to some extents. The above results can be explained in the 
following ways: 
(1) First of all, the 30 hours of milling has already transformed the Al-Ti 
powder into disordered cubic Al3Ti as described in Chapter 4. During 
the HIPing process, no liquid-solid reaction occurred in the sample 
milled for 30 hours. This will prevent the asymmetric diffusion of Al 
and Ti during liquid-solid reaction as in the sample milled for 0 hour. 
The occurrence of porosity or voids due to the Kirkendale effects could 
therefore be minimized in the sample milled for 30 hours. Therefore 
the microstructure obtained after HIPing is more uniform and denser in 
the 30-hour-milled compacts compared to the 0-hour-milled 
counterpart. 
(2) The grain size in the 30-hour-milled and HIPed sample is in the 
submicron range while that of the 0-hour-milled sample is far above 
the micron level. It is possible that the Hall-Petch effect is still valid 
within this range of grain size. Therefore, improved strength together 
with fracture toughness could be observed in the sample with much 
smaller grain size. More research works, however, are needed to verify 
and confirm such conclusion. 
 
7.4  Conclusions 
(1) The fracture toughness obtained from the MAed and HIPed 
powder compact samples using indentation test technique was 
lower than that of the cast and homogenized bulk sample, 
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regardless of the final grain size obtained. This could be due to 
the intrinsic brittle nature of Al3Ti, or due to the presence of 
flaws resulted from material processing which affected the test 
results.  
(2) Compared with the 0-hour-milled sample, the 30-hour-milled 
sample exhibited significantly higher strength (~35% higher) and 
fracture toughness (~24% higher). This could be due either to the 
sample having fewer flaws after HIPing or the effect of grain size 















8.1.1. Synthesis of nanocrystalline Al3Ti via mechanical alloying 
A supersaturated solid solution of Al (Ti) and Ti was obtained in the samples ball 
milled for less than 20 hours. The upper limit of solid solubility of Ti in Al in the present 
study was 6.7 wt.%. Further ball milling resulted in the formation of a L12-Al3Ti phase 
with a lattice parameter of 3.983 Å. 
During subsequent heat treatment, the formation of different phases was dependent 
on the duration of milling. A stable D022-Al3Ti was formed upon heating to high 
temperature for Group 1 samples (1 and 5 hours of milling). While in Group 3 samples (30 
and 40 hours of milling), the L12-Al3Ti phase formed during ball milling was transformed 
into D023-Al3Ti at lower temperature and then to a more stable D022-Al3Ti at higher 
temperature. Changes in the Group 2 samples (10, 15 and 20 hours of milling) are the 
most complicated. γ-TiAl was formed at lower temperature as an intermediate phase. 
Upon further heating, a reaction between Al and γ-TiAl occurred to form D023-Al3Ti, 
which further transformed to the more stable D022-Al3Ti phase. 
Comparing the allotropic transformation of D023-Al3Ti → D022-Al3Ti in Group 2 
and Group 3 samples, the stability of D023-Al3Ti in Group 3 was higher since the 
transformation temperature in Group 3 is above 800°C while that for Group 2 is lower 
than 700°C. The activation energy for the L12-Al3Ti → D023-Al3Ti transformation was 
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147 KJ/mol, while that for D023-Al3Ti → D022-Al3Ti, 243 KJ/mol, in samples milled for 
30 hours. 
A minimum grain size of 17 nm for Al and 28 nm for Ti was obtained after certain 
duration of ball milling. The lower limit of grain size in the metals appeared to be 
originated from the limitation of dislocation separation in a pile up. The L12-Al3Ti 
obtained possessed a grain size of about 22 nm. 
A decrease in grain size was observed in the samples that had undergone isothermal 
treatment. The present experimental results indicated that the decrease in grain size was 
attributed to the recrystallization of the severely cold worked MAed powders during 
annealing. 
It was found in the present study that the annealing temperature and degree of order 
of the alloy are the main factors that control the incubation period of the recrystallization 
process. However, the allotropic reaction itself in the recrystallization temperature range 
had little effect on the recrystallization process. 
The size of the recrystallization nucleus was in the same order of magnitude as that 
of MAed L12-Al3Ti. This together with the high dislocation density (8*1016/m2) and high 
volume percentage of grain boundaries (15%) were the reasons for the large refinement 
effect during the recrystallization of nanocrystalline materials. 
Proper control of the recrystallization process was found to provide an effective 
means to maintain the nanocrystalline microstructure in the MAed materials during 





8.1.2 Synthesis of nanocrystalline TiAl via mechanical alloying 
Formation of amorphous phase was observed in the Ti-48Al-2Mn-2Nb system 
during the ball milling process. The addition of Mn and Nb to the Ti-Al system has been 
found to increase the amorphous-forming ability of the alloy during MA. It was found that 
the kinetic factors played more important role than thermodynamic factor in 
amorphization during ball milling in the present study. 
The alloying behaviors of Mn and Nb during ball milling are different. Diffusion of 
Nb occurs at the beginning stage of milling while that of Mn can only occur after a certain 
period of milling time. This behavior is attributed mainly to the difference in mechanical 
properties of Mn and Nb. 
Heat treatment of the ball milled powders resulted in the formation of two phase 
microstructure of γ-TiAl and α2-Ti3Al. However, for the samples with longer time of 
milling, Ti2AlN instead of Ti3Al was obtained due to contamination during the milling 
process. 
 
8.1.3 Synthesis of TiN and Al-TiN composite via mechanochemical route 
Milling Ti power with pyrazine, a ring-type organic compound, in benzene solution 
resulted in the formation of titanium nitrides. Ti2N was the intermediate phase occurring 
during the early stage of ball milling. After prolonged milling of 336 hours, all of the Ti 
was observed to have reacted with pyrazine to form titanium nitrides. At the same time, C 
dissociated from pyrazine reacted with the iron contamination to form a [Fe, C] 
compound. Upon heating, the Ti2N formed during ball milling transformed into TiN. 
Aluminum metal matrix composites (MMC) dispersed with particulate titanium 
nitride have been prepared by ball milling of elemental powders of Al and Ti in benzene 
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solution with pyrazine, a ring-type organic compound. A one-step formation process was 
found unable to form the desired Al-TiN MMC. The composite was obtainable only by a 
subsequent thermal treatment. For two-step processing, the TiN formed in the early stage 
of milling was dispersed in the Al matrix homogeneously and Al-TiN composite was 
successfully synthesized. The crystalline size of TiN was found to be 9 nm. 
 
8.1.4 Mechanical properties of HIPed Al3Ti fabricated using Mechanical Alloying 
The fracture toughness obtained from the MAed and HIPed powder compact 
samples using indentation test technique was lower than that of the cast and homogenized 
bulk sample, regardless of the final grain size obtained. This could be due to the intrinsic 
brittle nature of Al3Ti, or due to the presence of flaws resulted from material processing 
which affected the test results. 
Compared with the 0-hour-milled sample, the 30-hour-milled sample exhibited 
significantly higher strength (~35% higher) and fracture toughness (~24% higher). This 
could be due either to the sample having fewer flaws after HIPing or the effect of grain 
size achieved after MA and HIPing. 
 
8.2. Recommendations for the future works 
8.2.1. Atmospheric protections during MA processing 
8.2.1.1. During ball milling process 
Both Ti and Al are active elements. They tend to react with O2 or N2 in the 
atmosphere during ball milling processing. In the present study, we have tried some 
methods to minimize the contamination from the atmosphere such as evacuating the vial 
to vacuum before milling, filling the vial with Ar before milling, wrapping the vial with 
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sealing tapes, etc. However, contamination from atmosphere could not be eliminated at 
current experimental conditions. From our experiences, contamination in powders milling 
in an Ar atmosphere is better than that of powders milled in vacuum. It is known that the 
pressure in an evacuated milling vial is always lower than that of atmospheric one. This 
will facilitate the invasion of air into the vial during milling. It is therefore believed that 
filling in the vial with Ar to certain pressure will provide better protection during ball 
milling process.  
It was recommended to modify the current planetary ball mill in order to minimize 
the contaminations during ball milling. The first possible modification is to put the ball 
mill machine into a big chamber filled (or flow) with Ar. This will make the atmosphere 
of ball milling an inert one. Even though the leakage of the vial is unavoidable, the gas 
that will “contaminate” the milling process is Ar. Therefore, minimal oxide or nitride 
could be found in the Ti-Al powder mixtures after milling. Another possible modification 
is to drill 2 holes in the cover of our planetary ball mill and linked with hoses. Ar is going 
to flow into the chamber of ball mill during the milling process. This method can also 
provide good protection to the milling process from atmospheric contaminations.  
 
8.2.1.2. After ball milling 
In order to investigate the phase transformation, grain size evolution and other 
properties of as-milled powders, the powders need to be taken out from milling vial. Since 
their particle sizes can be very small, the milled Ti-Al powders have very large amount of 
surface areas. If directly expose to the air, the powders may react with O or N in the air 
quickly. Misleading results may be obtained in the subsequent study. It was recommended 
to put a small presser into the Ar chamber that is in our lab. After taking out from the vial, 
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the milled powders can be cold-pressed into small pallets. Since the large amount of the 
surface areas of the milled powders can be “closed up” after pressing, they are less active 
as in the form of loose powders. 
 
8.2.1.3. During the powder sealing for HIPing 
In order to make bulk samples, the milled powders need to be consolidated using 
different techniques. In the current study, HIPing was employed to densify the milled Ti-
Al powders. In order to achieve this, the milled powders need to be sealed into a 
cylindrical tube first. It should be mentioned that the currently welding system for the 
sealing process is in the open air. It is recommended to move the welding system into an 
Ar chamber, so that the whole sealing process will be in an inert atmosphere. 
 
8.2.2. More detailed study in the Ti-75Al multilayer films prepared by MA  
Ti-75Al system is a good system for understanding the interfacial reactions between 
different constituents during ball milling. It behaves similar to that of the sputtered 
Ti/75Al multilayers system. However, the layer thickness is changing during MA, while it 
is constant in the sputtered system. This provides us a good platform to study the 
mechanically driven reactions in the ball milling process. More research works need to be 
done in the future to understand the phase selection in the early stage of milling, and 
reaction kinetic of the powders containing thin film multilayer structures during ball 
milling process and subsequent hear-treatment. If possible, high resolution TEM need to 





8.2.3. More studies on mechanical properties of nanostructure Al3Ti  
The mechanical properties of samples after 0 hour and 30 hours of milling were 
investigated in current study. However, the properties of Group 2 samples (milling for 10, 
15 and 20 hours) were not studied. It should be noted that the Group 2 samples are 
actually with very fine Ti-75Al multilayer structures. Al3Ti phase was not the main phase 
in this group of samples yet after milling process. It will be very interesting to see the 








Mechanical properties of 30-hour-milled and HIPed samples  
 
Points HV1.0 (kg/mm2) * 4 L ( µm) K1C (MPa m1/2) 
1 546.5 102.4 2.16 
2 591.3 122.5 2.06 
3 587.1 127.0 2.01 
4 575.8 125.2 2.01 
5 540.9 134.8 1.88 
6 557.9 149.8 1.81 
7 560.8 129.8 1.95 
8 569.7 122.9 2.02 
9 573.7 137.1 1.92 
10 577.8 118.5 2.07 
11 644.2 129.0 2.09 
12 635.9 133.3 2.05 
13 724.2 128.4 2.23 
14 684.4 142.4 2.05 
15 643.0 134.9 2.05 
16 637.1 158.1 1.88 
Average 603.1 131.01 2.01 
STDEV 52.57 12.82 0.11 
 
* 4 L is the total length of the cracks at four corners of the indentations  
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Mechanical properties of 0-hour-milled and HIPed samples  
 
Series HV1.0  * 4 L ( µm) K1C (MPa m1/2) 
1 447.1 148.1 1.63 
2 454.8 174 1.51 
3 459.8 67 2.45 
4 441.6 167.4 1.52 
5 499.1 156.1 1.68 
6 446.4** 96.2** 1.11 
7 454.1** 60.9** 1.40 
8 409.4 152.1 1.54 
9 418.0 124.7 1.72 
Average 447.8 127.4 1.62 
STDEV 25.66 42.84 0.36 
 
* 4 L is the total length of the cracks at four corners of the indentations 
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